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ABSTRACT
Classical molecular dynamics (MD) simulations have been widely used to study
the physical properties of nanomaterials. However, MD suffers from the well-known
drawback where it cannot, in the absence of special high-performance computing
environments, simulate processes that take longer than microseconds. Nevertheless,
many important processes in various fields of science and engineering take place on
time scales that cannot be reached by MD. For example, while MD simulations have
been used extensively to study the plasticity of nanostructures such as proteins and
nanowires, their time scale limitations have prevented the study of the deformation
mechanisms at experimentally-relevant forces, time scales and strain rates. In this
thesis, a generic history-penalized self-learning metabasin escape (SLME) algorithm,
which efficiently explores the potential energy surface, is utilized to overcome this
issue by studying three canonical problems of interest: the unfolding of biological
proteins under experimentally-relevant mechanical forces; the strain-rate-dependent
vii
plastic deformation mechanisms of bicrystalline FCC metal nanowires, and finally
the constant stress (creep-induced) plastic deformation of single crystalline metal-
lic nanowires at experimental time scales. The SLME method is first utilized to
study the force-induced unfolding of biological proteins. The long time scale sim-
ulations not only provide atomistic details of time-dependent structural evolution
under experimentally-relevant forces, but also show novel intermediate states that
cannot be observed in MD simulations, which sheds new insight into the under-
standing of protein unfolding dynamics. This method is then utilized to investigate
the strain rate effect on the plastic mechanisms of bicrystalline metal nanowires.
A strain-rate-dependent incipient plasticity and yielding transition for bicrystalline
metal nanowires at experimentally-relevant strain rates is observed. This transition
leads to a ductile-to-brittle transition in failure mode, which is driven by differences
in dislocation activity and grain boundary mobility at low strain rate as compared
to the high strain rate case. Finally, the SLME method is also utilized to study the
creep behavior of single crystalline metal nanowires at experimental time scales. Both
copper and silver nanowires show significantly increased ductility and superplasticity
under experimentally-relevant creep stresses, where the superplasticity is driven by a
thermally-activated transition in defect nucleation from twinning to trailing partial
dislocations at the micro or millisecond timescale.
viii
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1CHAPTER 1
INTRODUCTION
1.1 Motivation
Computational modeling and simulation has become an effective approach for un-
derstanding physical properties of materials, ranging from predicting the protein’s
molecular structure to the failure of metals, accompanied by the increasing promi-
nence and availability of high performance computers. Computational simulations
elucidate atomistic structures and track the dynamic evolution of a nanostructure
over time in response to external stimuli, which can be easily performed under simu-
lated conditions while beyond the practicality of real experiments.
The molecular dynamics (MD) simulations(Alder and Wainwright, 1959; Ciccotti
et al., 1987), developed more than 50 years ago, have recently become increasingly
used to investigate material properties at the molecular level. MD predicts the time
evolution or trajectory of an N-body system by numerically solving Newton’s equa-
tions of motion. This approach allows researchers to model large complex molecular
systems including proteins(Lu et al., 1998; Isralewitz et al., 2001), polymers(Grest
and Kremer, 1986; Kremer and Grest, 1990), metallic nanowires(Park et al., 2006;
Volz and Chen, 1999) and other advanced materials under different loads and envi-
ronments.
2Even though MD simulations have particular advantages over experiments in-
cluding lower cost, atomistic details and better control of isolated parameters, it has
significant issues. The first shortcoming is the small length scale. This issue can
be alleviated with the assistance of periodic boundary condition, where even a small
system can accurately present many materials’ bulk properties. Parallel computing is
also a powerful tool which can, at least partially, address the length scale limitation.
A much tougher issue is the short time scale. In MD simulations, the resolution of
individual atomic vibrations requires an integration time-step on the order of fem-
toseconds (10−15 s−1). Thus, even the longest MD simulations cannot go beyond
microseconds in physical time. This time-scale limitation restricts the usefulness of
MD to phenomena that occur within micro to nanosecond time scales. Many inter-
esting physical processes that occur at much longer time scales than microseconds
i.e. creep, void nucleation, defect migration, microstructure evolution, corrosion and
in general, most processes that are strongly rate-dependent(Wang et al., 2011; Schuh
et al., 2005; Zhu et al., 2008) are inaccessible by MD simulations.
In the past, researchers have attempted simulation acceleration via application
of higher temperatures(Yamakov et al., 2002), high stress(Van Swygenhoven et al.,
1999), and high strain rate(Cui et al., 2012). Unfortunately, all these treatments
may conceal important behavior and mechanisms during deformation. Atomistic
simulations that can access longer time scales and operate at slower strain rates are
therefore needed to resolve many important scientific problems, three of which are
3investigated in this thesis. The first problem is to understand the unfolding of sin-
gle protein molecules. Many proteins sense, transmit or are subjected to mechanical
forces during their normal functioning(Valbuena et al., 2009). In order to measure
the mechanical resistance of proteins and to investigate the secondary structure and
topology, the atomic force microscope (AFM) is utilized in experiment to induce the
unfolding of protein molecules through the application of a constant stretching force.
However, many proteins unfold on a time scale of milliseconds to seconds(Schlierf
et al., 2004; Thirumalai et al., 2010), which clearly cannot be reached by MD. As a
result of this, in computational studies of the mechanical unfolding of single protein
molecule, the steered MD (SMD) simulations are typically performed at constant
applied forces (i.e. greater than 300 pN) that are much larger than those used exper-
imentally (100 pN)(Fernandez and Li, 2004; Schlierf et al., 2004). Such discrepancy
between experiments and MD simulations raises a key challenge-by using too large of
an external force, are we missing processes which end up not having enough time to
occur as protein unfolding is known to be dependent on the stretching force(Schlierf
et al., 2004)? It is therefore one of the key outcomes of this thesis to develop a
computational algorithm that enables the study of problems involving force-induced
deformation at long time-scales, such as plasticity of amorphous solids and protein
unfolding.
Another problem that cannot be addressed by classical MD simulations is the
strain-rate-dependent plasticity of nanowires. The mechanical properties and failure
4mechanisms of metal nanostructures have been studied intensely for many years. This
has been partly due to the significant potential of these materials across a range of
applications, including energy harvesting and storage (Wang and Song, 2006; Chan
et al., 2008), flexible/stretchable electronics (McAlpine et al., 2003; Xu et al., 2010),
sensing(Takei et al., 2010) and nano electromechanical systems(Feng et al., 2007;
Yao and Zhu, 2015; Lee et al., 2013), and partly as a basic scientific question to
uncover how and why their mechanical properties change as their characteristic sizes
are reduced to nanometer dimensions(Greer and Hosson, 2011; Park et al., 2009;
Weinberger and Cai, 2012; Wang et al., 2013; Zhu, 2017). As compared to their bulk
counterparts, nanowires have a large surface to volume ratio, which causes a number
of interesting phenomena at the nanoscale, including high strength, fracture mode
transition, and size and strain rate sensitive mechanical properties(Bei et al., 2007;
Jennings and Greer, 2011; Lu et al., 2011; Peng et al., 2012).
While vast experimental and computational studies of size and microstructure
effects on mechanical properties and plasticity of metallic nanowires have been re-
ported(Greer et al., 2005; Greer and Nix, 2006; Uchic et al., 2004; Han et al., 2007;
Yue et al., 2011; Yue et al., 2012; Zhu, 2017; Park et al., 2009; Weinberger and Cai,
2012; Narayanan et al., 2015; Zhu et al., 2012; Greer and Hosson, 2011), plasticity of
nano materials across a wide range of strain rates remains unexplored. Experimen-
tal characterization of nano materials has been limited to strain rates from 10−5 s−1
to 10−1 s−1(Chen et al., 2015; Jennings et al., 2011; Peng et al., 2013; Ramachan-
5dramoorthy et al., 2016), while MD simulations of nanowire are normally conducted
at strain rates varying from 107 s−1 to 109 s−1(Park et al., 2006) due to the limitation
of computational resources. Because of this mismatch in strain rate, the MD simula-
tions cannot be directly compared to and thus may be unable to explain experimental
results. For instance, in recent constant strain rate tensile tests of bicrystalline sil-
ver nanowires, Ramachandramoorthy et al. have observed a brittle-to-ductile failure
mode transition at a strain rate of 0.2 s−1, which is more than 5 orders smaller than
the strain rate that can be accessed by MD simulations. This issue calls for a com-
putational method which can bridge the the time scale gap and provide atomistic
insights which can either directly explain experimental observations, or predict new
mechanisms that are difficult to see in situ.
The last problem we focus on, which cannot be addressed by classical MD simula-
tions, is that of creep in nanowires. Understanding the time-dependent deformation
and failure mechanisms of metallic nanowires are essential for their applications in
structural materials and nanodevices(Langley et al., 2013; Bernal et al., 2014; Li
et al., 2016; Ramachandramoorthy et al., 2017). The time-dependent deformation
and failure of materials are traditionally assessed via creep experiments(Nabarro,
2006), where the response of the material to constant applied forces or stresses are
monitored. To date, a large amount of effort has been dedicated to studying the
creep behaviors of nanocrystalline metals(Yin et al., 2001; Chokshi, 2009; Millett
et al., 2008; Yang et al., 2016; Mohamed and Li, 2001; Lau et al., 2010; Wang
6et al., 2011). It is reported that there is a transition in creep mechanism from grain
boundary (GB) diffusion and GB movements (GB sliding and migration, grain rota-
tion etc.) to GBs related dislocation nucleations as the creep stress increases for the
nanocrystalline materials (Yang et al., 2016; Wang et al., 2011). A natural, funda-
mental and unresolved question that arises and that we attempt to address is: what
are the mechanisms governing the creep response of single crystal nanowires where
grain boundaries do not exist? How will the creep mechanism change under different
stresses for nanowires? Because of the experimental difficulties to precisely perform
creep testing at nanoscale and to validly extract atomistic configurations from the
results of small specimens(Li et al., 2016), as well as the time restriction of MD sim-
ulations, the time-dependent properties of single crystalline nanowires remains rarely
explored. In order to improve our understanding of the time-dependent failure pro-
cesses in metal nanowires, there is an urgent need to carry out investigation of creep
of single crystalline nanowires.
1.2 Long-Time Scale Atomistic Methods
Over the past few decades, various approaches have been developed to extend the time
scale of atomistic simulations beyond those can be accessed with traditional MD.
These approaches can be categorized into two groups. The first set of approaches
are be grouped as accelerated MD approaches, the other is those that are based
on potential energy surface (PES) exploration. In this section, several well-known
methods in slow dynamics and compare their advantages and drawbacks.
71.2.1 Accelerated MD Simulations
Voter and co-workers have developed a range of accelerated MD approaches, includ-
ing temperature accelerated dynamics(So/rensen and Voter, 2000; Perez et al., 2009),
hyperdynamics(Voter, 1997), and parallel-replica dynamics(Perez et al., 2015). Ac-
cording to the transition state theory (TST), the transition rate is proportional to
exp(− Q
kBT
), where Q is the activation energy barrier and T is the system temperature.
The transition rate can be boosted by either reducing the activation energy barrier
Q or increasing system temperature.
Temperature-accelerated dynamics accelerates the transitions by increasing the
temperature T in the MD simulation, after which an extrapolation to the low-temperature
regime is performed assuming Arrhenius behavior while filtering out the transitions
that could not have occurred at the required temperature(So/rensen and Voter,
2000) While large time boosts can be achieved, the temperature-accelerated dynamics
method appears to be most effective for systems where the lowest energy barrier of
interest is relatively high(Perez et al., 2015).
In hyperdynamics, a bias potential is added to the PES to the system so as to
reduce the activation energy barrier Q. A boost factor can be obtained due to the
bias potential, which can be used to scale the transition time(Voter, 1997). However,
the bias potential must be zero at the dividing surfaces between two minima, and
must also satisfy the constraint that the bias potential does not erroneously alter
the dynamical evolution of the system, which introduces challenges and significant
8computational cost in effectively applying the bias potential in hyperdynamics ap-
plications. The bias potential design would be very difficult if there is no any prior
information about the basin and it neighboring states.
In parallel-replica dynamics, the system is first replicated on M processors. Each
replica is evolved forward independently using thermostatted MD. After a transition
is detected in any of the replicas, the parallel simulations of all replicas are terminated,
and the transition time can be calculated as the summation of the trajectory time
over all replicas(Voter, 1998). An extensive discussion of parallel-replica dynamics
was recently given by Perez et al.(Perez et al., 2015).
1.2.2 PES Exploring Approaches
Relaxation processes in dynamics of many condensed materials strongly rely on the
structural configuration that the system many adopt, governed by the landscape
of PES(Sastry et al., 1998). For instance, the protein unfolding problem in this
thesis is non-equilibrium, and evolves by the events transitions on the PES. The
activation energy between the events can be very high and as a result, according to
the TST, the transition time will be extremely long, which is beyond the capability of
MD simulations. The PES exploring techniques model the evolution of an atomistic
system through PES exploration without explicitly solving and integrating Newton’s
equations of motion, where TST allows us to link the time evolution of the system to
the topology of the underlying PES.
One approach is the activation-relaxation technique (ART)(Barkema and Mousseau,
91996), an activation state searching method which only requires an initial state. With
a given state, it iteratively applies a defined force with direction far from the initial
local minimum to a relaxed system. The system is forced to follow an up-hill trajec-
tory in the energy landscape until the saddle point is located. Once a saddle point is
reached, the system is then set back to the initial stage to explore other saddle points.
All observed saddle points are then served as the input parameter for following kinetic
Monte Carlo (KMC) simulation.
In the dimer method(Henkelman and Jo´nsson, 1999), a replica of the system
which is displaced slightly apart from the original configuration by a fixed distance
is created. Then, the dimer system is rotated so as to locate the lowest curvature
mode of the PES at the current position. Similar to the ART method, once a saddle
point is reached, the dimer is set back to the original local energy minimum, and
displaced along another random direction to search for other saddle points. Even
though ART and Dimer methods are reported to be particularly useful and accurate
in the scenarios where there are many competitive transitions, e.g. in glassy(Rodney
and Schuh, 2009a; Rodney and Schuh, 2009b; Rodney and Schrøder, 2011) and heavily
damaged systems(Be´land et al., 2011; Xu et al., 2011a), the main drawback of this
type of methods is the unaffordable computation load during the study of long term
non-equilibrium evolution. The reason is that for a complicated non-equilibrium
process, each minimum is connected with many other states, and each new observed
state is connected with more states as well. Therefore the calculation can easily
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become computationally intractable.
Beside the two methods introduced above for searching the saddle points on the
PES, another popular teachnique is based on biased dynamics-metadynamics(Laio
and Parrinello, 2002), which forces the system out of local energy minima by adding
Gaussian functions to the PES. Collective variables, such as coordination numbers,
potential energies and box shapes(Laio and Gervasio, 2008) are used to bias the
PES search directions in order to reduce the number of configurations that can be
reached. Although metadynamics does not require the prior information of transition
states, the number of degrees of freedom or collective variables should be selected to
facilitate the sampling, which requires a priori knowledge as to the important physics
controlling the solution. The metadynamics has been widely applied to study protein
folding(Piana and Laio, 2007), crystallization(Quigley and Rodger, 2008) and the
structural phase transition in crystal(Martonˇa´k et al., 2005).
Most of the PES or accelerated MD methods discussed above was originally de-
signed to solve problems involving diffusion, chemical reactions, glass transitions, etc,
i.e. where mechanically-driven system evolution is not the primary physics of inter-
est. Significantly fewer studies have been performed on mechanically-driven systems,
i.e. when considering externally applied stresses or forces. This thesis will utilize
the recently developed autonomous basin climbing (ABC) sampling method, a PES
exploring method originally proposed by Kushima et al. in 2009(Kushima et al.,
2009), to study strain effect on plastic deformation of nanowires and the creep mech-
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anism of single crystal metallic nanotubes. The ABC method and some ABC-based
approaches will be discussed in detail in next chapter.
1.3 Scope of Thesis
This thesis is organized as described below:
In Chapter 2, the original ABC algorithm is introduced in Section 2.1. The ad-
vancement of the ABC technique, Self-Learning Metabasin Escape (SLME) algorithm,
is described in Section 2.2. Such modification has been shown to lead to significant
decrease in computational expense comparing to conventional ABC method and thus
can be applied to new technical areas, which requires to explore more local energy
minima on PES, such as creep and slow strain rate simulations. Following that, how
dynamic simulations at a given strain rate can be performed by using SLME and
transition state theory and how constant load can be coupled with SLME method
is introduced. This chapter closes in Section 2.3 with the implementation of SLME
algorithm in LAMMPS, which broadened the potential applicability of SLME method
to many different systems.
Chapter 3 presents the simulation results on the unfolding mechanisms of protein
molecules. Section 3.1 discusses how mechanical force is applied to protein molecules
so as to mimic the effect of external stimuli that case of unfolding of proteins in
both experiments and atomistic simulations. Due to the large time scale gap between
experiments and atomistic simulations, the SLME method with constant external
load is introduced in Section 3.2. Section 3.3 and 3.4 presents the novel unfolding
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pathways with new intermediate configurations observed in the unfolding simulations
of Ubiquitin and Prion Protein at experimentally relevant forces and time scales.
Chapter 4 focus on the strain rate-dependent failure mechanims in bicrystalline
metal nanowires. Section 4.1 discusses the possible discrepancies in understanding
of nanowire plasticity caused by the around ten orders of magnitude different from
experimentally-accessible time scale and MD simulations. The constant strain rate
simulation using SLME algorithm introduced in Section 4.2 spans a wide range of
strain rates, from 10−4 s−1 to 109 s−1, which make it possible to directly compare with
experiments. A strain-rate-dependent incipient plasticity and yielding transition for
FCC copper and silver nanowires is observed. In Section 4.5, we demonstrate that
at experimental strain rates, a ductile-to-brittle transition in failure mode similar to
previous experimental studies on bicrystalline silver nanowires is observed, which is
driven by differences in dislocation activity and grain boundary mobility as compared
to the high strain rate case. Therefore this study helps understand the origin of
materials’ brittleness on a atomistic level.
Chapter 5 demonstrates how SLME based simulations can be used to predict
the creep mechanisms of single crystalline nanowires, which remains unknown in
experiments. Due to the difficulty to manufacture single crystalline nanowire and
the difficulty to perform creep test on ultra-small nanowires in experiments, very few
experimental studies have examined the time-dependent deformation of nanowires
and no experiments we are aware of have examined creep in metal nanowires. Thus,
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it is necessary to find a method which can access timescales that far exceed those
seen in conventional atomistic modeling for accurate insights into the time-dependent
mechanical behavior and properties of nanowires. In section 5.4, we report that
both Cu and Ag nanowires show significantly increased ductility and a novel form of
superplasticity under low creep stresses, where the superplasticity is driven by a rate-
dependent transition in defect nucleation from twinning to trailing partial dislocations
at the micro or millisecond timescale. Section 5.5 explains how the transition in
deformation mechanism leads to a corresponding transition in the stress-dependent
creep time at the microsecond (Ag) and millisecond (Cu) timescales.
Summary is given in Chapter 6, which discusses the importance of the simulation
framework and results throughout the thesis. We particularly focus on the significance
of combination between atomistic modeling and theoretical derivation in extending
atomistic simulations to realistic time scales, and its broader impact on other scientific
areas. A future work on investigating the rate-dependent mechanical properties of
Li-Si electrodes is proposed.
14
CHAPTER 2
ABC Sampling Method and ABC-Based Approaches
2.1 Original ABC PES Sampling Method
The original ABC method, which is an activation-relaxation method, explores and
reconstructs the system’s potential energy surface. It was developed by Kushima et
al. and is based on Laio and Parrinello’s idea of metadynamics(Laio and Parrinello,
2002). In Metadynamics, collective variables such as coordination numbers, potential
energies and box shapes(Laio and Gervasio, 2008) should be selected to facilitate
the sampling, which requires a knowledge of possible reaction coordinates as to the
important physics controlling the solution. However, ABC method adds penalty
functions (PFs) to the PES with no prior assumption of the reaction coordinates and
with no need to acquire a set of forces from local MD simulations in advance and as
a result, all transitions on the PES, though not all of them are import or relevant
are found, while metadynamics can only look for transitions that are relevant to the
collective variables.
The ABC algorithm, as illustrated in Fig. 2.1, generates a set of inherent struc-
tures from which the activation energy barriers can be determined. The inherent
structures correspond to the local minima in energy landscape which are found by
quenching a system from configurations generated by constant temperature MD sim-
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ulations. Specifically, the ABC PES sampling process involves the following steps:
Figure 2.1: Illustration of basin filling with penalty functions (PFS) in the
ABC method. (a) PF φ1 added to PES, with the center of the PF at r
i
min;
(b and c) Continue adding additional PF to push the system to neighboring
energy wells. The figure is taken from (Cao et al., 2013).
1. For a given N particle system with potential energy E(r) where r specifies its
3N − D atomic configuration as shown in Fig. 2.1, an initial microstate that
is relaxed to a local minimum and with corresponding potential energy E
(1)
min in
the energy landscape is chosen.
2. A PF φi(r) is imposed to the potential energy well to assist the system in
escaping from the local energy basin in a similar manner as metadynamics(Laio
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and Parrinello, 2002). The PF is typically 3N-dimensional Gaussian as:
φi(r) = hie
− (r−si)
2
2w2
i (2.1)
where hi is the PF height, wi is the 3N-D PF half-width and si is the center of
the ith PF. The potential energy Ψ(r)of the system then becomes
Ψ(r) = E(r) +
p∑
i=1
φi(r) (2.2)
where r are the 3N-dimensional atomic configurations and p is the total number
of PFs. After each PF addition, an energy minimum search was performed on
the augmented energy surface.
3. The system is activated to fill up the energy basin and escapes from the initial
energy local minimum through the lowest saddle point to a new local minimum
with potential energy of E
(2)
min as illustrated in Fig. 2.1(b).
By repeating the sampling process, a trajectory of minima and saddle points
through the energy landscape can be generated. The ABC method has been applied
to a series of studies involving long time scales, including nanocrystal creep(Lau et al.,
2010), void nucleation and growth(Fan et al., 2011) and dislocation-defect interactions
at slow strain rates(Fan et al., 2013).
Unless the PF strength represented by height h is too large compared to the en-
ergy barrier between the two minima, varying the values of w and h should give the
same path of evolution between the energy minima. The uniqueness of the reaction
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path found by the ABC method using an appropriate set of values for w and h was
illustrated for atomic diffusion on a metal surface by Kushima et al.(Kushima et al.,
2009). The smaller the PF strength, the more accurate the barriers derived in this
algorithm are. However, the computational expense also grows with smaller magni-
tude of the PF. Further, the ABC method also suffers from increasing computational
expense as more of the PES is explored due to the need to store all applied PFs such
that regions of the PES that have already been explored are not visited again.
2.2 Self-Learning Metabasin Escape (SLME) Algorithm
One of the key computational bottlenecks facing the ABC method is the increas-
ing number of PFs that must be stored as more and more of the PES is explored.
Specifically, in Fig. 2.1(b), a sufficient number of PFs are applied to push the system
from one local minimum defined by E
(1)
min to another local minimum defined by E
(2)
min.
Additional PFs are then applied to the energy well with E
(2)
min until the system is able
to exit to the neighboring energy well with E
(3)
min. In going from E
(1)
min to E
(3)
min, all
the PFs that are applied to the system need to be stored, otherwise the system may
jump back to the initial energy well E
(1)
min. In general, keeping previously applied PFs
is necessary to prevent the system from re-exploring energy basins that have already
been explored, which means that the computational expense associated with PES
exploring increases dramatically as more the local minima are explored.
To mitigate this problem, Cao et al.(Cao et al., 2012) formulated a self-learning
strategy to improve the PES exploration efficiency, termed the SLME method. When
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Figure 2.2: (a) Two sequential fully overlapped PFs (green, dotted curve
and blue, dashed curve) give a strong indication of inefficient sampling. The
combined PF (red, solid curve) doubles the local curvature to assist the
system in moving away from the stuck configuration. (b) Combination of
two PFs (green, dotted and blue, dashed curves) at the maximal separation.
The new PF (red, solid curve) has a half-width that is 3/2 times of the
original values. (c) Combination between two PFs of different sizes. (d) The
original energy E and the PF φ with self-learned half-width |w| = |ssad − s|
and height h = E(ssad)−E(s). (e) Their augmented energy Ψ still has a dip
at the original local minimum. (f) The augmented energy Ψ using a smaller
half-width |w| = 23 |ssad − s|, curves downwards, which is desirable for fast
relaxations. The figure is taken from (Cao et al., 2012).
more than two PFs are applied to the system, an overlap check is carried out. If the
distance between centers of two PFs (i.e. ith and jth) is less than the sum of their
half-widths (
wi+wj
2
), these two PFs will be replaced by one PF with height of
h = hi + hj (2.3)
and width of
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w = max[
|si − sj|+ wi + wj
2
, wi, wj] (2.4)
where si and sj are centers of ith and jth PFs. The center of the combined PF will
be shifted to
s =
wihisi + wjhjsj
wihi + wjhj
(2.5)
The new PF will be treated as the current PF and the previous two overlapped
PFs are then removed from the memory. Fig. 2.2 illustrates three typical cases of
PF combination, i.e. (a) Two largely overlapped PFs; (b) Two partially overlapped
PFs; (c) A large and a smaller PFs. The SLME approach has been shown to lead
to significant decrease in computational expense compared to the conventional ABC
method, which has enabled application of the ABC approach to larger systems and
other scientific areas that could not be investigated using traditional ABC, including
creep and experimentally-relevant strain rates.
2.2.1 Constant Strain Rate SLME Algoritm
In experiments, constant strain rate loading is performed by deforming the structure
by a certain strain and then waiting a period of time before applying the next load
increment. However, the SLME method, which generates a number of local minima
and saddle points, does not offer any relationship to time. In order to incorporate
the time coordinate, two ways are been addressed: (1) by relating energy basins to
real time via TST, or (2) by coupling SLME with KMC.
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The first approach is done by following by Zhu et al.(Zhu et al., 2008), where a
single-event strain rate to nucleate a defect is expressed as:
γ˙single = nv0
kBT
µΩ
exp
[
−Q(T )− TSc
kBT
]
, (2.6)
where n is the number of independent nucleation sites, ν0 is the attempt frequency,
µ is the shear modulus and Ω is the activation volume, Q∗ is the energy barrier and
Sc is the activation configurational entropy, which is partially captured during the
initial quenching stage needed to obtain the initial configuration. Then, by defining a
characteristic temperature-dependent prefactor γ˙0 = nv0
kBT
µΩ
exp( Sc
kB
), we can rewrite
the equation above as
γ˙ = γ˙0 exp
[
−Q(T )
kBT
]
. (2.7)
While the equations above connect energy barriers Q(T ) to strain rate, in order
to control the strain rate, the single-event activation energy Q(T ) is extended to
strain rate dependent many-event energy barrier Q∗(γ˙, T ), where Q∗(γ˙, T ) contains
numbers of activation events as illustrated in the green box in Fig. 2.3. With all the
barrier information calculated for activation events within Q∗(γ˙, T ), KMC is applied
to ascertain the most probable pathway to be picked as shown in Fig. 2.4. First, the
rate constant is calculated for each event by
kij ∝ exp[−Qij/kBT ] (2.8)
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where kij is the rate constant for the single event, ∆E is the activation energy, kB
is Boltzmann constant, and T is the temperature. The rate constant divided by the
summation of the rate constants of all possible events from the current state yields
the possibility of this single event.
Pj =
kij∑n
j=1 kij
(2.9)
where n is the total number of events within Q∗(γ˙, T ). One of the possible transi-
tions is randomly chosen based on the relative possibilities by comparing a randomly
generated number in the range of (0,1] to an array of partial summation of the possi-
bilities as illustrated in Fig. 2.4. Starting from the new state, with the corresponding
rate constants in the rate matrix, the same action is taken to find the next transition
state. By doing so, the entire process forms an ergodic system with only Markov
chain transitions being allowed and Q∗(γ˙, T ) truncates the Markovian system into an
Markovian subspace and the remainder, which is not accessible at given strain rate
γ˙. As γ˙ decreases, the Markovian subspace and thus Q∗(γ˙, T ) increases monotoni-
cally. Because the SLME approach enables us to efficiently access and calculate the
allowed activated states Q(γ˙, T ) < Q∗(γ˙, T ) for arbitrarily Q∗(γ˙, T ), it can be used
to simulate strain rates ranging from MD to experimentally accessible.
2.2.2 SLME Method with Constant External Load
External loads are often applied to a configuration to study its time-dependent struc-
ture evolutions, such as clamping force applied to proteins to mimic the experimental
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Figure 2.3: Algorithmic flowchart of the constant strain rate approach of
SLME algorithm. The figure is taken from (Cao et al., 2013).
approach of applying forces to proteins via optical tweezers or an AFM and a constant
stress applied to deform polycrystalline nanowires so as to investigate its creep prop-
erties. The methodology describe here combines the SLME approach with constant
external load so as to study the mechanically driven deformation of a configuration.
1. Add a PF to the system
2. Apply constant force to specific parts of the molecular system, i.e. the termini
of the protein in protein unfolding problems.
3. Relax the penalized system by doing energy minimization.
4. Repeat step 1-3 until the protein is fully unfolded.
The reason this approach is able to access the experimentally time scale is due to
the continuous application of PFs. In other words, when a configuration is stuck
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Figure 2.4: KMC algorithm: Starting from the state i, a random number
(r) in the range of (0,1] is compared with the partial summation of possibili-
ties and it turn out P1+P2+...+Pj−1<r <P1+P2+...+Pj . Thus,the system
will jump to state j. State j become the current state and same action will
be taken with state j. The figure is taken from (Yan et al., 2015).
in large potential energy basins, it will take enormous time for the configuration to
move to another energy basin with traditional SMD simulations, which is beyond
current computation ability. By continuous applying PFs to boost the system out of
energy basins, ABC method can investigate long time scale events which can only be
observed in experiments. The energy barriers that are crossed over can be used to
estimate the unfolding time according to the transition state theory. Furthermore,
while the SLME method typically exits a given energy well via the lowest energy
barrier, in practice PFs are applied with non-constant widths and heights within a
reasonable range to introduce a degree of stochasticity into the PES search, which
enables us to find alternate pathways.
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Figure 2.5: The flow chart of constant strain rate SLME approach imple-
mentation in LAMMPS.
2.3 Implementation of SLME in Large-Scale Atomic/Molecular Massively
Parallel Simulator (LAMMPS)
The main challenges in the SLME simulations are how to combine the PFs, apply PFs
to the original PES and explore PES with the assistance of PFs. The open source
simulation package LAMMPS(Plimpton, 1995) is utilized to implement the SLME
algorithm, using C++ as basic scientific computation language. Three additional
functions (ABC.cpp, Fix abc.cpp and Fix sabc.cpp) are added into the LAMMPS
package with an example of constant strain rate SLME algorithm illustrated in Fig.
2.5.
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The initial local minimum stage is obtained by long time equilibration in LAMMPS,
i.e. integrating Nose-Hoover style non-Hamiltonian equations of motion which are
designed to generate positions and velocities sampled from the canonical ensemble
(NVT). In order to drive the system from the initial local minimum to its neighbor-
ing energy basin, PFs are added to the system in Fix abc.cpp. PFs that are close to
each other are combined as a new PF so as to save memory cost and to boost the
simulation. Each addition of PFs is followed by energy minimization in LAMMPS so
as to make sure the system is moving to a equilibrated position. Once sufficient PFs
are added, the system moves from the initial energy basin to a new energy local min-
imum, where the coordinates of the new local minimum is recorded in Fix sabc.cpp.
The local minima exploring process is repeated until the maximum energy barrier
explored exceed the energy barrier threshold for a specific strain rate. KMC algo-
rithm is then used to pick the most probable pathway among the stored energy local
minima. The system is then moved to the picked local energy basin and deformed by
a certain strain step. The whole process is repeated until sufficient strain is achieved.
2.4 Conclusion
In this chapter, the conventional ABC method and ABC-based approaches are re-
viewed. Specially, the computational cost of the original ABC algorithm is signifi-
cantly reduced via the SLME algorithm, where the total number of PFs is reduced
through PF combinations. In order to apply the SLME algorithm to mechanically
problems, constant strain rate SLME algorithm and SLME method with constant
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external load are developed and implemented in LAMMPS. These methods will be
utilized in next two chapters to study constant strain rate deformation of bicrystalline
nanowires and the creep mechanism of single crystalline nanowires.
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CHAPTER 3
Mechanical Unfolding Mechanism of Proteins
3.1 Introduction
Mechanical force has recently been utilized to mimic the effects of external stimuli
that cause the folding, unfolding and misfolding of biological proteins(Neuman and
Nagy, 2008; Bustamante et al., 2004). This has become possible over the past 15
years due to the recent experimental advances based on force clamping techniques
using AFM and optical tweezers (OT), which can apply a constant force to each end
of a protein in order to obtain the force-dependent unfolding time distributions(Popa
et al., 2013; Perez-Jimenez et al., 2011; Garcia-Manyes et al., 2009; del Rio et al.,
2009; Neuman and Nagy, 2008). These experiments have been used not only to force
the proteins to explore new, previously unaccessible portions of the potential energy
landscape, but also to determine if the unfolding configurations can be correlated to
those seen due to chemical denaturation(Carrion-Vazquez et al., 1999; Stirnemann
et al., 2014).
However, a key shortcoming of single molecule pulling experiments is the lack
of atomistic detail with regards to the unfolding pathways, as well as the structure
of the intermediate configurations(Hsin et al., 2011). Researchers have thus used
SMD simulations to obtain such details(Sotomayor and Schulten, 2007), with the key
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shortcomings that SMD simulations occur at forces that are significantly larger and
at timescales that are significantly shorter than occur experimentally(Elber, 2005;
Li et al., 2010; Carrion-Vazquez et al., 2003). Other researchers have used MC
simulations(Irba¨ck et al., 2005) with simplified force fields, or coarse-grained mod-
els(Imparato and Pelizzola, 2008; Mickler et al., 2007; Hyeon et al., 2008; Kirmizialtin
et al., 2005) to study the unfolding at experimentally-relevant force ranges. While
these simulations have found intermediate configurations with end-to-end extensions
matching those reported experimentally, they also suffer from the drawbacks that nei-
ther the Go-like models nor simplified potentials are as accurate as all-atom simula-
tions, and also that Go-like coarse-grained models are unable to capture the sequence-
specific protein unfolding mechanisms as are described in the present chapter.
In this chapter, the SLME method(Kushima et al., 2009; Cao et al., 2012; Cao
et al., 2013) with constant external load as described in section 2.2.2 is utilized to
study he mechanical unfolding of ubiquitin and the human prion protein (huPrP)
at experimentally-relevant forces (i.e. 100 pN for ubiquitin), and time scales (i.e.
seconds for ubiquitin).
3.2 The Simulation Method and Model
It is well-known that SMD simulations for force clamping exhibit two major draw-
backs as compared to the corresponding force clamp experiments. First, the SMD
simulations are typically performed at constant applied forces (i.e. greater than
300 pN) that are much larger than those used experimentally (100 pN)(Li et al.,
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2010). While some recent MD simulations have used experimentally-relevant unfold-
ing forces(Stirnemann et al., 2013), this does not resolve the issue that the SMD-
accessible time scales are limited to the order of hundreds of nanoseconds, which is
more than 7 orders of magnitude smaller than the experimentally-observed unfolding
time of seconds(Schlierf et al., 2004). Thus, the energy landscape explored during
SMD simulations is likely to be different than that in experiments(Li et al., 2010).
As a result of the known time scale shortcomings intrinsic to SMD simulations, the
SLME method is thus utilized to study protein unfolding at experimetally-relevant
force. For application of the SLME method to protein unfolding, quartic PFs are
utilized to push the system out of potential energy wells in which it can become stuck
due to the relatively low clamping force that is constantly applied. The details of
the method are described in section 2.2.2. The PFs can be physically interpreted
as thermal activation that assists the mechanical force in enabling the system to
escape from a local energy minimum to another energy basin until the protein is
completely unfolded. In going through this procedure, the system is able to find and
pass through all relevant intermediate configurations, which is essential to understand
the mechanical properties of a protein.
The unfolding time then can be estimated using transition state theory(Popa et al.,
2011; Ha¨nggi et al., 1990) via
τ =
N∑
i=1
(
ν exp−Qi/kBT
)−1
, (3.1)
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where Qi is the energy barrier separating energy minima i − 1 and i, N is total
energy minima explored on the unfolding path, ν is a frequency prefactor and T
is the temperature. The value ν equals to 4 × 109 s−1 for the low force (< 300
pN) regime that was recently obtained experimentally for the mechanical unfolding
of ubiquitin(Popa et al., 2011). For the huPrP, according to Yu et al.(Yu et al.,
2012a), at 300K, with an unfolding force of F=9.1 ± 0.1 pN, and δx=10.4±0.6 nm,
the unfolding time τ = 3× 102 ± 0.4µs. Solving for ν with those experimental values
gives a value of ν=4× 1012 s−1.
3.3 The Role of Binding Site on the Mechanical Unfolding Mechanism of
Ubiquitin
One protein that has been extensively studied using such single molecule extensional
experiments is ubiquitin, which consists of 76 amino acids, and is known to regulate
diverse inner-cellular processes(Hicke et al., 2005). Ubiquitin’s sole functional bind-
ing site exists at Ile44, which can interact non-covalently with the ubiquitin binding
domains that exist in enzymes for activating, conjugating and ligating(Dikic et al.,
2009). The force clamping experiments have reported that the time required to com-
pletely unfold ubiquitin is a few seconds when the applied force is 100 pN(Fernandez
and Li, 2004; Schlierf et al., 2004). Furthermore, by performing an extensive number
of such experiments, Fernandez et al. reported that ubiquitin exhibits intermediate
states when the end-to-end extensions are about 8 and 12 nm(Schlierf et al., 2004).
In this section, using the SLME algorithm, a novel finding that the binding site of
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ubiquitin, the Ile44 residue, is responsible for not only ubiquitin’s biological functions
such as ligand-binding, but also for its unfolding dynamics is reported. Moreover,
novel intermediate configurations with atomistic details that correspond to the end-to-
end extensions observed experimentally as well as their related timescales for the key
unfolding processes is presented, which explains why the intermediate configurations
of ubiquitin have generally not been observed experimentally. The work presented in
this section was also published in (Cao et al., 2015).
3.3.1 Validation of SLME Method via Comparison to SMD and Experi-
ment
The first objective is to give further details on the accuracy of the SLME method(Kushima
et al., 2009; Cao et al., 2012; Cao et al., 2013) by comparing its results to SMD sim-
ulations. The AMBER99sb potential field(Hornak et al., 2006) is employed, which
utilizes an implicit solvent model for water in conjunction with the Protein Data
Bank (PDB) ID 1UBQ for the native configuration of ubiquitin as shown in Fig. 3.1.
The native ubiquitin structure was equilibrated at 300K, and then energy minimiza-
tion was performed to generate the corresponding local energy minimum. At both
the N and C-termini, a constant pulling force is applied ranging from 100 to 600 pN
using the SLME method. Clamping forces greater than 300 pN were also simulated
using SMD to compare with the SLME results for higher forces. All simulations, i.e.
both SMD and SLME, were performed using the open source GROMACS simulation
package(Hess et al., 2008).
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Figure 3.1: (a) Schematic illustration of the native structure of ubiquitin
(b) Structures of B,C, D and E consist of pairs of strands(Irba¨ck et al., 2005).
Extensive validation of SLME method is performed. Firstly, results obtained using
the SLME method are compared to those obtained using SMD at high constant forces
ranging from 350 to 600 pN. The first validation is to compare the unfolding time. As
shown in Fig. 3.2, in plots showing the extension versus unfolding time as a function
of large clamping forces ranging from 350-600 pN is given comparing the SMD and
SLME results. As can be seen, the predictions for the unfolding times are comparable
for the same clamping force. Furthermore, the trend that the unfolding time increases
for decreasing clamping force is also captured by both simulation techniques.
The second validation is to compare the unfolding mechanism. For the high force
regime of 300-600 pN, only two states are observed, i.e. the initial folded (native)
configuration and the unfolded configuration. Furthermore, in Fig. 3.3, the unfolding
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Figure 3.2: The end-to-end extension versus time for SLME and MD
simulations for clamping forces of 350, 500 and 600 pN.
pathway for the high force regime is presented as CBDEA where β1β5 is C, β1β2 is B,
β3β5 is D, β3β4 is E and α is A (see Fig. 3.1 for structural definition). This unfolding
pathway is the same as previously reported using MC simulations(Irba¨ck et al., 2005),
and is found using both the SMD and SLME approaches.
Since a key shortcoming of single molecule pulling experiments is the lack of
atomistic detail with regards to the unfolding pathways, only the unfolding time
obtained by SLME method is compared to that observed in experiment in low force
regime (< 300pN). Fig. 3.4 shows the unfolding times obtained using the SLME
method are comparable to the experimentally obtained values in low force regime
(τ=10−3 to 10 s due to 100 to 200 pN clamping forces). Specifically, using the SLME
method, the unfolding times are on the order of seconds when the clamping force
reduces to about 100 pN, which is similar to previous experimental studies(Schlierf
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Figure 3.3: Unfolding pathway at 350 pN for both SLME and SMD
simulations.
et al., 2004).
3.3.2 The Role of Binding Site on the Mechanical Unfolding
Having established the ability of the SLME method to match both the MD and
experimentally-observed unfolding times across a wide range of clamping forces, in
this section, our discussion is focused on unfolding at 100 pN, as extensive experimen-
tal(Schlierf et al., 2004) and computational(Irba¨ck et al., 2005) studies were performed
for this force value. To get a statistical representation of the unfolding pathways, 80
SLME simulations with the clamping force set as 100 pN are conducted, with the
results reported in Fig. 3.5(A). First, unlike in the experiments(Schlierf et al., 2004)
and MC simulations(Irba¨ck et al., 2005), at 100 pN, the vast majority of the unfolding
pathways pass through an intermediate configuration, as shown in Fig. 3.5(A).
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average of at least 10 simulations for each clamping force. The experimental
data is from Schlierf et al.(Schlierf et al., 2004).
We now proceed to characterize the intermediate configurations, which are sum-
marized in Fig. 3.5(B) for the 100 pN clamping force that was previously used exper-
imentally(Schlierf et al., 2004). Specifically, Fig. 3.5(B) shows the four most common
unfolding pathways that are observed using the SLME method, where paths CBDEA,
DCBEA and DCEBA all involve an intermediate configuration, and thus three-state
unfolding, while paths CBDEA and DCBEA also exhibit two state unfolding with no
intermediate configuration. The alphabetic nomenclature that used to describe the
different β sheets of ubiquitin follows that done previously(Irba¨ck et al., 2005), and
can be seen in Fig. 3.1.
Furthermore, similar to Schlierf et al.(Schlierf et al., 2004), intermediate configura-
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Figure 3.5: The mechanical unfolding of ubiquitin at 100 pN as obtained
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Table 3.1: Relative frequency of unfolding pathways for different clamping
forces. 80 simulations were performed at 100 pN, 30 for the other force
values.
Force (pN) 3 state unfolding 2 state unfolding
CBDEA DCBEA DCEBA CBDEA DCBEA
100 41.3% 27.5% 13.8% 5.0% 6.3%
150 33.3% 13.3% - 23.3% 16.7%
300 13.3% - - 86.7% -
600 - - - 100% -
tions centered around about end-to-end extensions of 7 and 12 nm, which correspond
to representative paths CBDEA and DCBEA, respectively, in Fig. 3.5(B). The path-
way DCEBA does not exhibit a consistent intermediate length, instead showing a
distribution of intermediate extensions from 7 to 12 nm. In addition, Fig. 3.5(B)
also shows the unfolding time for each pathway, as well as the the lifetime of the
intermediate configuration for one unfolding simulation. Because 80 different SLME
simulations were performed, a distribution of the intermediate state lifetimes was ob-
tained. Discussion about this and the connection to the energy barriers crossed on
the potential energy pathway will be discussed later.
The occurrence of each pathway as a function of clamping force is summarized
in Table 3.1. At high (> 300 pN) clamping forces, the two-state CBDEA unfolding
pathway is nearly always followed. As the clamping force decreases below 300 pN,
the CBDEA three state unfolding pathway is observed more frequently, as are the
two new unfolding pathways DCBEA and DCEBA. Overall, at 100 pN, two state
unfolding is observed in just 11.3% of the simulations, with three state unfolding
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observed in 88.7% of the simulations. Interestingly, the novel unfolding pathways
DCEBA and DCBEA are observed with equal probability (total 41.5%) as the lower
energy three state CBDEA pathway (41.3%).
Fig. 3.6 shows the potential energy disconnectivity graphs for the unfolding path-
way at 100 pN force clamping as well as corresponding atomic structures correspond-
ing to the first unfolding event and the resulting intermediate configuration. In Fig.
3.6(A), the unfolding pathway is CBDEA with DEA as the intermediate configura-
tion. Both the initial unfolding event of β1β5 separation as well as the intermediate
state (DEA), which is found after detachment of β1β2, are comparable to earlier MC
results(Irba¨ck et al., 2005).
However, the two pathways that start from the unfolding of D, which corresponds
to the detachment of β3β5 in Figs. 3.6(B) and (C), represent novel unfolding pathways
at 100 pN as compared to previously proposed pathways(Schlierf et al., 2004; Irba¨ck
et al., 2005; Imparato and Pelizzola, 2008). Specifically, these unfolding pathways do
not start with the β1β5 detachment that has been reported in all previous simulations
of ubiquitin unfolding(Schlierf et al., 2004; Irba¨ck et al., 2005; Imparato and Pelizzola,
2008). As shown in Fig. 3.6(D) for both the DCBEA and DCEBA pathways, the key
event is the rotation of β3, which contains the Ile44 residue. The rotation of β3 first
causes the separation of His68 on β5 with Ile44 on β3, and continues until β3 bonds
with the distal part of β5. This sequence of events results in the initial unfolding event
at 100 pN force starting from D (β3β5) rather than the previously reported unfolding
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Figure 3.6: Disconnectivity graphs (left) of ubiquitin unfolding at 100
pN and the molecular structures (middle, right) for the first unfolding event
and the resulting intermediate configuration. (A) CBDEA unfolding. II
shows the separation of β1β5, while III shows the intermediate configura-
tion. (B) DCBEA unfolding. II shows β3β5 detachment acts as the first
unfolding event, with the resulting intermediate configuration shown in III.
(C) DCEBA unfolding. II again shows β3β5 detachment as the initial un-
folding event, while III shows the resulting intermediate configuration. (D)
Demonstration of initiation of D unfolding pathway involving rotation of β3,
including the Ile44 residue.
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pathway starting from C (β1β5), which was observed by us at higher clamping forces
and by others at 100 pN(Irba¨ck et al., 2005; Imparato and Pelizzola, 2008; Li et al.,
2007).
Furthermore, after the unfolding of β3β5, the breaking mechanism of β1β5 is also
different from the unfolding in the high force regime. Specifically, at low forces,
the separation of β1 and β5 occurs via tearing of the hydrogen bonds, while at high
forces, the separation of β1 and β5 via shearing of the hydrogen bonds. Moreover, the
potential energy for this new unfolding pathway, which starts from D in the low force
regime as shown in Figs. 3.6(B) and (C), is clearly higher than that required in the
CBDEA unfolding pathway with intermediate end-to-end extension of 7 nm in Fig.
3.6(A), as additional thermal energy is required for the rotation-induced detachment
of β3β4 in Fig. 3.6(D). This thermal energy makes a greater contribution at the lower
forces, which is why this mechanism is not observed at the higher forces that are
applied in the SMD simulations.
It is also interesting to note some similarities between our new D-based unfolding
pathways and recently reported folding pathways for ubiquitin. Specifically, in a
recent all-atom MD simulation of high-temperature folding of ubiquitin, Piana et
al. reported the existence of partially formed β3 and β4 with low Φ-values at the
transition state ensemble(Piana et al., 2013). Their MD simulations were run for a
few milliseconds, which is important as the time scales for the unfolding events and
intermediate configurations in our simulations at 100 pN are on the order of tens or
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hundreds of microseconds.
For the D unfolding pathways, the detachment between β3 and β5 starts from the
hydrogen bonds between Ile44 and His68. To determine the role of the Ile44 residue
in the D unfolding pathway, the mutation of Ile44 to Glycine is investigated, denoted
as I44G. 15 independent SLME simulations at 100 pN clamping force are performed
using the I44G mutation, and found that unfolding did not start from D (β3β5), but
instead from C (β1β5) for all 15 cases.
To understand why the mutation prevents the D unfolding pathway, we compare
the molecular structure near β3 and β5 for I44G and wild type ubiquitin. Specifically,
a new hydrogen bond between Thr66 in β5 and Ala46 in the loop connecting β3 and
β4 in I44G forms. The new hydrogen bond strengthens the β3β5 connection and
also restricts the separation of Gly44 and His68, which thus prevents the initiating
mechanism for the D unfolding pathway. Furthermore, the Gly residue has a smaller
side chain than the Ile residue, which gives more flexibility to the molecular structure
surrounding Gly, which enables the formation of a new hydrogen bond between β5
and the loop. Conversely, the large side chain of Ile gives less flexibility to structure
surrounding Ile, which prevents the hydrogen bond formation between β5 and the loop
in wild type ubiquitin. Overall, this mutation study has demonstrated the importance
of the Ile44 side chain in enabling the new D unfolding pathway.
The involvement of the Ile44 residue is important not only because it is the sole
binding site of ubiquitin(Hicke et al., 2005; Dikic et al., 2009), but also because it
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configuration. (B) PMF for intermediate states shown in Fig. 3.6. (C) PMF
at different forces for the fully unfolded states.
has been reported that protein binding sites exhibit relatively high flexibility with
respect to the termini of a protein(Haliloglu and Erman, 2009), where predictions
of this relatively high fluctuation of specific drug binding sites in proteins using the
Gaussian network approach(Haliloglu et al., 2008; Haliloglu et al., 2010) have been
made. Previously, the binding sites of several proteins have been observed to adapt
and reconfigure itself depending on the binding molecule according to the induced
fit model of conformation changes(Bahar et al., 2010). However, conformational
changes of the Ile44 binding site in an entirely different context here, as the initial
event enabling the new unfolding pathway, which is observed in the low clamping
force regime of ubiquitin unfolding.
Fig. 3.7 shows the potentials of mean force (PMF) that were calculated using
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umbrella sampling with 100 pN clamping force using GROMACS. Every 1 A˚of end-
to-end distance with 1000 kJ-mol−1A˚−2 force constant during 1 ns equilibration. The
PMF was then extracted by the Weighted Histogram Analysis Method(Hub et al.,
2010). Fig. 3.7(A) focuses on the initial β sheet separation, where the CBDEA
pathways feature, at an extension of about 2 nm, breaking of β1β5 for the 600, 350 and
100 pN clamping forces. Furthermore, the energy barrier to breaking β1β5 decreases
with decreasing force from about 60 kJ/mol at 600 pN to about 10 kJ/mol at 100 pN,
which is due to the longer unfolding time required for smaller clamping forces, where
the longer unfolding times give the system a higher probability of climbing over large
energy barriers on the potential energy surface.
It is seen that the energy barrier that must be overcome to break β1β5 for the
CBDEA pathway is much larger than is observed for the 100 pN DCEBA/DCBEA
pathway shown at the bottom right hand corner of Fig. 3.7(A), where the β1β5
separation for the DCEBA/DCBEA pathways occurs at an extension of about 0.6
nm. The energy barrier for the β1β5 separation for the DCEBA/DCBEA pathways
is lower due to the separation of β3β5 before the β1β5 separation occurs at 0.6 nm
extension. Essentially, the initial detachment of β3β4 reduces the structural integrity
of β5, such that the β1β5 separation requires less energy.
Fig. 3.7(B) shows the PMFs for the three main intermediate configurations ob-
served in our simulations. The existence of each is verified by locating an energy
barrier to be overcome along the unfolding pathway after the initial β-sheet separa-
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Figure 3.8: Frequency histogram of the survival times of the three most
common intermediate configurations at a 100 pN clamping force. (A) CB-
DEA; (B) DCBEA; (C) DCEBA. Dashed red line corresponds to experimen-
tal temporal resolution limit of 1 ms(Neuman and Nagy, 2008).
tion. The PMFs of the intermediate configurations are presented, where (DEA) has
the largest free energy barrier, while BA has the smallest, which will be connected
to the lifetimes of each intermediate configuration. Fig. 3.7(C) shows the PMFs
for three different force levels indicating that the extension needed to fully unfold
ubiquitin increases with increasing force, a result that is consistent with previous MD
simulations(Stirnemann et al., 2013).
It seems to be unreasonable that a large percentage of intermediate configura-
tions (nearly 90%) is observed in this section at 100 pN clamping force while nearly
universal two state unfolding was observed experimentally(Schlierf et al., 2004). Iin
Fig. 3.8, the frequency histogram of the survival times of the three most common
pathways (CBDEA, DCEBA, DCBEA) is presented. These survival times were cal-
culated by summing up the energy barriers crossed on the PES during the lifetime of
the intermediate state, and then converting the total energy barrier to time based on
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transition state theory, as shown in Eq. 5.2. It is thus consistent with the previous
discussion on the PMF barriers seen in Fig. 3.7(B) that, due to having the highest
energy barrier to overcome to leave the intermediate state, the DEA intermediate has
the longest lifetime as seen in Fig. 3.8(A).
As seen in Fig. 3.8, most of the survival times for all three intermediate configura-
tions are smaller by about two orders of magnitude than the experimental resolution
of 1 ms(Neuman and Nagy, 2008), or -3 on the log10 scale used in Fig. 3.8, which
may explain why only a small number of intermediate configurations were found in
experimental studies of force clamp unfolding of ubiquitin(Schlierf et al., 2004). This
result is also consistent with recent steered MD simulations of the force-induced un-
folding of ubiquitin(Stirnemann et al., 2013), in which no intermediate configurations
of ubiquitin were observed for clamping forces ranging from 30 to 250 pN, likely be-
cause the total simulation times were 150 nanoseconds or less, which is much smaller
than the survival time for any of the intermediate configurations that are reported in
this section.
3.3.3 Conclusion
In summary, the SLME method that can access experimentally-relevant force clamp-
ing values and time scales is utilized to study the mechanical unfolding of ubiquitin.
One novel finding is that the atomistic simulations have uncovered the role of amino
acid sequence in protein dynamics and mechanics such as protein unfolding dynam-
ics. Specifically, a new unfolding pathwayis observed whose initial event involves large
46
conformational changes of the β-sheet containing Ile44, the sole binding site of ubiq-
uitin. As indicated in this section, the functional site of ubiquitin (for instance, the
binding site) is responsible for not only its biological function such as ligand-binding
but can also impact the its unfolding dynamics. When the Ile44 residue serving as the
ubiquitin binding site is mutated, different unfolding pathways were observed, which
implies that a single point mutation may lead to undesirable folding process such as
protein misfolding.
3.4 β-Sheet-Like Formation During the Mechanical Unfolding of Prion
Protein
Prion diseases or transmissible spongiform encephalopathies (TSE), including bovine
spongiform encephalopathy (BSE) in cattle, scrapie in sheep, chronic wasting disease
(CWD) in cervids and Creutzfeldt-Jakob’s disease (CJD) and Kuru in humans are
fatal neurodegenerative diseases(Prusiner, 1998; Dobson, 2001). These diseases are
associated with the conversion of innocuous cellular prion protein (PrPC) to an in-
fectious scrapie form (PrPSc) which can aggregate into a variety of forms of amyloid
plaques in the brain. The mature human PrP (huPrP, 23-230) has an unstructured N-
terminus domain (23-124) and a globular domain (125-228) containing three α-helices
(HA, 144-156, HB, 174-194, HC, 200-228) and a short β-sheet (S1, 129-132, S2, 160-
163) with a disulfide bond between C179 and C214 linking HB and HC(Caughey
et al., 1991; Pan et al., 1993). The conversion of PrPC to PrPSc is believed to involve
a decrease of α-helix content and a subsequent increase of β-structure(Riek et al.,
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1996; Zahn et al., 2000; Calzolai and Zahn, 2003). Although various models of PrPSc
have been proposed, the structure of PrPSc remains unsettled and controversial due to
issues with experimentally resolving its three-dimensional structure(Caughey et al.,
2009; Cobb and Surewicz, 2009; Diaz-Espinoza and Soto, 2012). In particular, it
has not been determined how the native, helical PrPC structure transforms into the
β-sheet-rich PrPSc form.
Most studies of PrP have focused on chemical means to induce folding, unfold-
ing and misfolding, which include low pH, high temperature or chemical denatu-
rant(Campos et al., 2010; Baillod et al., 2012; DeMarco and Daggett, 2007; van der
Kamp and Daggett, 2010; DeMarco and Daggett, 2004). However, the usage of me-
chanical force to study PrP has only recently been done(Yu et al., 2012a; Yu et al.,
2013; Yu et al., 2012b; Ganchev et al., 2008), though single molecule force spec-
troscopy has been used to study protein unfolding over the past 20 years(Neuman
and Nagy, 2008; Bustamante et al., 2004). Mechanical denaturation of protein has
certain advantages over chemical denaturation, namely that solution conditions such
as pH and temperature can be kept constant while the protein dynamics occur such
that the key factors controlling misfolding can be studied in isolation. Moreover,
mechanical denaturation allows for finding the intermediate conformations that are
sometimes inaccessible with chemical denaturation(Paci and Karplus, 2000). Also,
PrP can be unfolded by mechanical force in vivo when being translocated or retranslo-
cated across the endoplasmic reticulum(Ma et al., 2002). Ganchev et al. performed
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a single-molecule pulling experiment of amyloid fibrils formed by human PrP 90-231
(huPrP 90-231) using an AFM. Interestingly, they were able to identify a stable β-
sheet core starting at residues ≈164-169(Ganchev et al., 2008). More recently, single
molecule force spectroscopy was used by Yu et al. to study the mechanical misfolding
of PrP(Yu et al., 2013; Yu et al., 2012b; Yu et al., 2012a). They reported the observa-
tion of three misfolding pathways that originated from the unfolded configuration(Yu
et al., 2013).
In this section, using the SLME algorithm, huPrP forms a three-stranded β-sheet-
like intermediate state under experimentally clamping force in the C-terminal starting
from residue 155 and extending to the disulfide bond C214. By further investigating
the mechanical unfolding of mutated huPrP, C179A/C214A, as it has been reported
that removal of the disulfide bond can cause conformational changes leading to mis-
folding similar to that seen in low pH. The results show that while mutated PrP
becomes less mechanically stable, the observation of the same three-stranded inter-
mediate state suggests that it is possible for the mutant to convert into the β-rich
form, and thus that residues 155-214 may play an essential role in the conversion of
PrPC to PrPSc. Therefore, our simulations not only show the atomistic details of the
mechanically-induced structural conversion from the native α-helical structure to the
β-like-rich form, but also lends support to the structural theory that there is a core of
the recombinant PrP amyloid mapping to C-terminal residues ≈160-220 as reported
by Cobb et al.(Cobb et al., 2007; Diaz-Espinoza and Soto, 2012). The work presented
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Figure 3.9: Schematic illustration of the native structure of wild-type
prion protein.
in this section was also published in (Tao et al., 2015).
3.4.1 Validation of SLME Algorithm via Comparison to SMD
Similar to the study in Ubiquitin protein, our first objective is to give further details
on the accuracy of the SLME method by comparing its results to SMD simulations
for the mechanical unfolding of prion. Starting from the native configuration for
prion protein(PrP, PDB ID 1HJM) shown in Fig. 3.9, energy minimization was
first performed to equilibrate the structure, followed by a 1 ns equilibration within
the NVT ensemble at 300 K. After the minimization and temperature equilibration,
the clamping force was applied at both the N and C termini of PrP. The unfolding
pathways of the wild-type PrP (WT PrP) and mutant PrP (C179A/C214A) obtained
using SLME at 300 pN clamping force are given in Fig. 3.10 and Fig. 3.11, which
are the same as obtained using the SMD simulations.
A comparison of the unfolding times for both the WT PrP and mutant PrP as
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Figure 3.10: Unfolding pathway of WT PrP for both SLME and SMD
simulations at 300 pN clamping force. The native configuration contains
three α-helices: HA (residues 144-156), HB (residues 172-194), HC (residues
200-228) and a short β-sheet (S1 residues 129-132 and S2 residues 160-163),
which are colored in green, orange, purple and red, respectively.
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Figure 3.11: Unfolding pathway of C179A/C214A mutant PrP for both
SLME and SMD simulations at 300 pN clamping force.
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A B
Figure 3.12: Unfolding time as a function of the clamping force obtained
by SLME method (black squares) for both (A) wild-type and (B) mutant PrP
as compared to SMD simulations (red circles). The relationship between the
unfolding time and the applied force can be fitted by the Bell’s formula as (A)
t = 11.5∗exp(-0.022∗F ) µs for WT PrP and (B) t = 95.37∗exp(−0.0138∗F )
ns for mutant PrP. Each unfolding time is obtained by an average of at least
10 simulations for each clamping force.
computed using SMD and SLME approaches are given in Fig. 3.12 at clamping forces
ranging from 100 to 500 pN. The unfolding times obtained using the SLME method
are comparable to the SMD obtained values in the high force regime (i.e. ≥ 300 pN for
WT PrP and ≥ 200 pN for mutant PrP). Both the SMD and SLME method predict
that, for these clamping forces, all unfolding pathways follow two-state behavior.
The unfolding time is force-dependent, and increases as the force decreases, with the
unfolding time at 100 pN is on the order of microseconds for WT PrP and tens of
nanoseconds for mutant PrP.
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3.4.2 Unfolding of Wild-type PrP under Low Clamping Force
Having established the ability of the SLME method to match the MD observed un-
folding times in the high force regime, our discussion is now focused on on unfolding
at 100 pN, as experimental studies have been performed in this force range(Ganchev
et al., 2008). To get a statistical representation of the unfolding pathways, 30 inde-
pendent unfolding simulations with a clamping force of 100 pN were performed for
WT PrP. Nearly all of the 30 simulations with 100 pN clamping forces pass through
intermediate configurations.
We now proceed to characterize the intermediate states, which can be seen in Fig.
3.13. Specifically, two intermediate states were observed for the 100 pN clamping
force, with end-to-end extensions around 3 nm and 13.5 nm. Fig. 3.14(A) shows
the contact map of hydrogen bonds for WT PrP at 100 pN clamping force as well
as the corresponding atomic structures of the native state, the intermediate state
emerging during the breakage of the initial β sheet at about 3 nm extension, and the
intermediate configuration at 13.5 nm extension as shown in Fig. 3.13. Fig. 3.14(C)
shows the dynamic behavior of secondary structure transitions such as the α − β
transition for WT PrP under 100 pN clamping force.
The unfolding pathway at 100 pN shown in Fig. 3.13 starts from the unfolding
of HC and the breakage of the native β-sheet, which happens around 6 microseconds
(t0) as shown in Fig. 3.14(AII) and Fig. 3.14(C). However, the native β-sheet does
not unravel directly. Instead, newly-formed main chain hydrogen bonds S132-V161,
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A B
Figure 3.13: (A) End-to-end extension as a function of time for 100 pN
clamping forces of WT PrP as obtained using the SLME method. (B) Zoom
in detailing the lifetime of the intermediate configurations; result represents
an average over 15 simulations.
M134-N159 and S135-N159 extend the native β-sheet whose molecular structure is
given in Fig. 3.14(AII). This intermediate state has an end-to-end extension from 3-6
nm as can be seen in Fig. 3.13 which agrees with the observation by Pappalardo et
al. that in the region from 30 to 60 A˚, HC continues to unfold and the two β-strands
slide over each other(Pappalardo et al., 2007). At the same time, the native hydrogen
bond Y162-T183 breaks and subsequently, salt bridges R156-E196 and R164-D178
form, which stabilizes the interaction between the S2 region (residues 155-171) and
HB (residues 172-194).
The second intermediate state at 13 nm extension, which emerges at t2 that is 5
nanoseconds after the unfolding of the first intermediate configuration at t1, is more
interesting and represents a three-stranded structure containing residues 155-214 as
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Figure 3.14: Analysis of unfolding pathway involving three-stranded inter-
mediate configuration for WT PrP at 100 pN clamping force. (A) I shows the
contact map and molecular structure of native configuration. Each marker
denotes a contact. Main chain-main chain contacts are represented with red
squares, main chain-side chain contacts with black diamonds and side chain-
side chain contacts with blue squares. II shows the intermediate configura-
tion that emerges during the breakage of the native β-sheet at an extension
of about 3 nm while III shows the three-stranded intermediate configuration
forming at t2 (t1 + 5 nanoseconds) at an extension of about 13.5 nm. The
native β-sheet unravels at around 6 microseconds (t0) and the first interme-
diate configuration shown in II breaks at t1 which is 10 nanoseconds after
t0. (B) Inter-residue distances as a function of time between residues that
are involved in the formation of the three-stranded intermediate configura-
tion. (C) Secondary structure of each residue as a function of simulation
time. Blue represents the α-helix structure while red represents the β-sheet
or β-sheet-like structure.
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can be seen in Fig. 3.14(AIII). The core of this conformation is a β-sheet-like structure
including the S2 region and HB, which are linked by newly formed hydrogen bonds.
Following the disruption of the extended β-sheet, HA which is part of the native 20-
residue hydrophobic core composed of 13 residues from HB-HC and 4 residues from
HA (Riek et al., 1998), gradually rotates away from the HB-HC region. Subsequently,
there is a progressive loss of helicity in HA and the N-terminus of HB as can be seen in
Fig. 3.14(C). Simultaneously, a number of hydrogen bonds are formed between the S2
region and the unwound HB which results in a β-sheet-like structure. Together with
the HB-HC core, which is linked by the disulfide bridge, the β-sheet-like structure
comprises a three-stranded configuration.
Fig. 3.14(B) shows the inter-residue distances between the most populated residues
involved in the intermediate configurations. The R156-E196 and R164-D178 salt
bridges, which form in the very early stages of the unfolding process, link the S2
region to HB and play an essential role in the formation of the three-stranded in-
termediate states. These salt bridges were also observed in several independent MD
studies(Zuegg and Gready, 1999; DeMarco and Daggett, 2007) in which the pH was
varied. The M129-Y163 and G131-V161 pairs existing in the native β-sheet break at
t0, which is around 6 microseconds. The newly-formed hydrogen bonds S132-V161,
M134-N159, S135-N159, which extend the native β-sheet, break at t1 which is 10
nanoseconds after t0. At t2, that is 5 nanoseconds after t1, a number of new hydrogen
bonds start to form between the S2 region and HB, which leads to the formation of
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the three-stranded intermediate state.
The three stranded core is named as a β-sheet-like structure rather than a β-
sheet since the hydrogen bonds are mostly formed between atoms on the side chains,
rather than between backbone atoms as shown in Fig. 3.14(AIII). The number of
residues involved in the β-sheet-like content increases from 4 (3.8%, M129-Y163 and
G131-V161) to 40 (38.1%, residues 155-195) while the α-helix content decreases to 20
residues (19%, partial of HB (residues 179-189) and HC (residues 205-214)) from 60
residues (57.1%), which is in line with the structural range of 17-30% α-helix and 43-
54% β-sheet as observed in experimental studies of PrPSc(Caughey et al., 1991; Pan
et al., 1993). Furthermore, the location of the three-stranded structure is in agreement
with the suggestion that the H2-H3 domain may act as a conformational switch in
the full protein(Xu et al., 2011b). In particular, Cobbet al. observed a tightly packed
core located at residues ≈160-220 when using site-directed spin labeling and EPR
spectroscopy to study a misfolded PrP amyloid(Cobb et al., 2007). Also, a single-
molecule force spectroscopy study has reported the existence of a β-sheet core starting
at residues ≈164-169 of PrP amyloid according to its force-extension curve, which is
consistent with our results(Ganchev et al., 2008).
In contrast to the nearly universal two state unfolding that was observed exper-
imentally by Yu et al.(Yu et al., 2012a) at 10 pN., large percentage of intermediate
configurations observed in this work at 100 pN clamping force. This is because, as
seen in Fig. 3.13(B), the survival time of the three-stranded intermediate state at
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100 pN clamping force is up to hundreds of nanoseconds, which is much smaller than
the experimental resolution of 50-100 microseconds(Yu et al., 2013). The survival
times were computed using Eq. (5.2) in the Methods section, where the height of the
energy barriers that are crossed can be computed directly from the SLME method,
and where the prefactor for the transition state expression in Eq. (5.2) is obtained di-
rectly from recent experimental studies on single molecule unfolding of PrP(Yu et al.,
2012a).
As mentioned above, the three-stranded intermediate configuration is stable and
maintains its configuration after tens of nanoseconds under 100 pN clamping force.
Its stability is governed by three factors. First, the direction of pulling results in
a shear of the β-strands, which requires a much larger force to separate than does
a peeling mode(Brockwell et al., 2003). Second, an average of 12 new hydrogen
bonds form in the three-stranded core as can be seen in Fig. 3.14(B). Most residues
involved in the polar contacts of the intermediate configuration are charged residues
such as R156, R164, E167, K194, E187, D202. Also the hydrophobic effect in the HB-
HC region stabilizes the intermediate configuration. Finally, a special constraint is
imposed by the presence of the native disulfide bridge between C179 and C214, which
requires a substantial amount of force, reported to be larger than 1000 pN(Keten et al.,
2012), to break(Carl et al., 2001). Consequently, the force carried by HB and HC is
significantly reduced due to the presence of the disulfide bridge. The unfolding force
reached 5000 pN for an extension of 10 nm in the constant strain rate MD studies of
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PrP by Pappalardo et al.(Pappalardo et al., 2007), which also supports our conclusion
regarding the stability of the three-stranded intermediate configuration under 100 pN
clamping force.
3.4.3 Unfolding of Mutant PrP under Low Clamping Force
Recently, it was reported that removing the disulfide bond will result in conforma-
tional changes similar to the effect of low pH denaturing condition and may lead to
the misfolding of PrP(Ning et al., 2014). Also, the removal of the disulfide bridge by
mutating C179 and C214 to Ala is known to promote aggregation and β-structure
formation upon oligomerization(Maiti and Surewicz, 2001). To investigate how the
unfolding pathway will change and whether the three-stranded intermediate state still
forms without the existence of the disulfide bridge, the unfolding of a mutated huPrP,
C179A/C214A is investigated. As shown in Fig. 3.12, the unfolding times in the high
force regime (i.e.≥200 pN) for mutant huPrP obtained using the SLME method is in
the same order as those obtained from the SMD simulations. The unfolding pathway
reveals a two state unfolding with an end-end extension of 26.5 nm for the unfolded
state.
Here, as in the case of WT PrP, we concentrate on the unfolding of mutant PrP
under the clamping force of 100 pN. The first unfolding pathway, as shown in Fig.
3.15 for a 100 pN clamping force, starts with the breakage of the native β-sheet
and the subsequent unfolding of HC. The polar contacts H155-D196 and R156-D196,
which form in the early stage of the unfolding process, connect the S2 region to HB
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while the Y157-D202 hydrogen bond stabilizes the interaction between HC and the
S2 region as shown in Fig. 3.16(B). After the breakage of native β-sheet happening
at t′0 (around 8 nanoseconds), the S2 region gradually rotates to lie parallel to HB
and HC. As a result, a number of hydrogen bonds form among residues 155-214 and
a three-stranded intermediate configuration emerges as illustrated in Fig. 3.16(B).
Different from the three-stranded structure described previously in Fig. 3.14(AIII)
for WT PrP, HC is linked with HB by hydrogen bonds but not by the disulfide bridge,
as illustrated in Fig. 3.16(AIII). The end-to-end extension of the intermediate state
is around 15 nm which is slightly larger than that of the WT protein (13.5 nm) since
HC loses most of its helical structure due to the removal of the disulfide bridge during
the unfolding process of mutant PrP as described in Fig. 3.16(C). The three-stranded
intermediate state follows an α-β-α motif where HC is unwound and the major part
of HB maintains its helical configuration as illustrated in Fig. 3.16(AIII).
The unfolding along pathways 2(a) and (b) in Fig. 3.17 are very similar. They
both begin with the unfolding of HC as illustrated in Fig. 3.17(B). Similar to what are
observed in the WT PrP unfolding at 100 pN clamping force, newly formed hydrogen
bonds L130-Y163, S132-V161 and M134-N159 extend the native β-sheet structure as
can be seen in Fig. 3.17(B). However, the mechanism by which the native β-sheet
breaks influences the time spent in the intermediate state with extension around 7.5
nm. Specifically, for pathway 2(b) the β-sheet unfolds in a peeling mode. In contrast,
for pathway 2(a) the β-sheet unravels in a shear mode. The shear mode results in
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Figure 3.15: End-to-end extension as a function of time at 100 pN clamp-
ing forces for two most common unfolding pathways of C179A/C214A mu-
tant PrP obtained using the SLME method.
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Figure 3.16: Analysis of unfolding pathway1 from Fig. 3.15 for
C179A/C214A mutant PrP at 100 pN clamping force. (A) I shows the con-
tact map and molecular structure of native configuration. II shows the un-
folding of HC and separation of native β-sheet at around 13 nanoseconds (t′0)
with intermediate configuration happening at t′1 (t′0 + 3 nanoseconds) shown
in III. (B) Inter-residue distances as a function of time between residues that
are involved in the formation of the three-stranded intermediate configura-
tion. (C) Secondary structure of each residue as a function of simulation
time. Blue represents the α-helix structure while red represents the β-sheet
or β-sheet-like structure.
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Figure 3.17: (A) Molecular structure representing the unfolding path-
way2(a) from Fig. 3.15 for C179A/C214A mutant PrP at 100 pN clamping
force. I shows the unfolding of HC and separation of native β-sheet hap-
pening at around 13 nanoseconds (t′′0) while the intermediate configuration
unfolding at t′′1 (t′′0 + 5 nanoseconds) is shown in II. (B) Secondary structure
of each residue as a function of simulation time. Blue represents the α-helix
structure while red represents the β-sheet or β-sheet-like structure.
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a longer time spent in the intermediate state at 7.5 nm extension, of about 4 ns as
compared to 2 ns for pathway 2(a). Furthermore, in contrast to the WT unfolding,
HC unfolds much earlier than the breakage of the β-sheet region as shown in Fig.
3.17(B). Thus, while the intermediate state for the WT PrP at 100 pN force shown
in Fig. 3.13 is the same as that shown for both pathways 2(a) and (b) in Fig. 3.15,
the extension in the mutant PrP case is longer (7.5 nm) as compared to the shorter
(3 nm) extension for the WT PrP intermediate state.
Among the 60 SLME simulations with clamping force of 100 pN for mutant PrP,
38 cases follow the second pathway, among which 15 cases follows pathway2(a). The
other 23 cases following the second pathway show two-state unfolding as illustrated in
pathway2(b) in Fig. 3.15. All of the first pathway simulations pass through the three-
stranded intermediate state. The observation of the three-stranded intermediate state
in the mutant PrP unfolding suggests that it is possible for the C179A/C214A mutant
to convert into β-sheet-rich form under the function of applied clamping force.
The three-stranded intermediate states found in our simulations of both WT and
mutant PrP match well with other reported studies. Recent experimental studies(Yu
et al., 2012a) have reported a transition state of PrP folding (probably without the
disulfide bond) using an energy landscape analysis, retaining most of HB and HC,
the adjacent loop and β2, which matches the intermediate states observed in our
simulations as can be seen in Figs. 3.14(AIII) and 3.16(AIII). By measuring folding
trajectories of single WT PrP and C179A/C214A mutant molecules, Yu et al.(Yu
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et al., 2012a) observed three misfolded configurations M1 (7.1 ± 0.4 nm from unfolded
state), M2 (10.5 ± 0.5 nm from Unfolded state) and M3 (4.9 ± 0.2 nm from Unfolded
state), among which M1 has the highest occupancy. The intermediate state observed
in our SLME simulations under 100 pN of WT PrP is 6 ± 0.5 nm from the unfolded
state as shown in Fig. 3.15, which agrees with M1 while the intermediate configuration
for mutant PrP under 100 pN clamping force is 10.5 ± 0.5 nm from the unfolded state
(i.e. the intermediate exists around 15 nm extension) as illustrated in Fig. 3.15, which
agrees with M2.
Furthermore, the intermediate states observed in our simulation allow us to iden-
tify the folding motif for the PrP amyloid. The three-stranded intermediate configu-
ration can form a β-helix model by connecting adjacent monomers to each other by
head to head and tail to tail. Dong et al. has also proposed a β-helix model of NM
fibrils when studying the unfolding of the amyloid fibrils(Dong et al., 2010). Also,
the stability of the three-stranded intermediate configuration under 100 pN clamp-
ing force can explain why the discontinuities in force-extension trace of NM fibrils
exists only at unusually high pulling force (larger than 250 pN) reported by Dong et
al.(Dong et al., 2010).
The simulation results are future compared with previous experiments(Dong et al.,
2010), by comparing the barrier width along the energy pathway between the folded
and unfolding configurations. This is done by utilizing the force-dependent unfolding
times shown in Fig. 3.12 and using Bell’s equation, which is defined as t(F ) =
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t0exp(−F∆x/KBT ), where t0 is the intrinsic lifetime without clamping force and
∆x denotes the barrier width. By fitting the force dependent unfolding time of WT
PrP using Bell’s formula, we obtain ∆x = 0.0911 ± 0.013 nm. This barrier width
is comparable to the value obtained by Dong et al. as ∆x = 0.13 ± 0.01 nm (Dong
et al., 2010) while the slight differences can be attributed to the fact that our unfolding
simulations are performed on a single prion protein, while the work by Dong et al.
considered the unfolding of a prion fibril.
Finally, in Fig. 3.18, the PMF for the three-stranded intermediate configurations
observed in both the wild-type PrP and mutant PrP simulation at 100 pN is pre-
sented. The umbrella sampling was done every 0.05 nm at a force constant of 800
KJ mol−1nm−2 for WT PrP and 100 KJ mol−1nm−2 for mutant PrP. Due to the
overlapped histograms between adjacent windows, the PMF was extracted by the
Weighted Histogram Analysis Method(Hub et al., 2010). The free energy barrier for
the three-stranded intermediate configuration of WT PrP (about 3 KJ/mol) shown
in Fig. 3.18(A) is three times higher than that of the mutant PrP (about 1 KJ/mol)
provided in Fig. 3.18(B). This is consistent with the lifetime of intermediate state
discussed above. Due to having a higher energy barrier to overcome, the lifetime of
the intermediate state of WT PrP is ten times longer than that of the mutant as seen
in Figs. 3.13 and 3.15. It is also important to note that these free energy barriers are
comparable to the energy of thermal fluctuation, which implies that prion protein can
undergo the transition to the β-sheet-like structure and back under equilibrium condi-
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A B
Figure 3.18: PMF as a function of extension for 3-stranded core for both
the (A) wild-type PrP and (B) mutant PrP at 100 pN clamping force.
tions. This has in fact been observed experimentally in the work of Yu et al.(Yu et al.,
2012a), where such transitions between the unfolded and intermediate configurations
are shown to frequently occur.
3.4.4 Conclusion
In this section, the SLME method with constant external load is utilized to explore
the unfolding mechanism of PrP. A transition of the PrP from its native, α-rich struc-
ture into a partially unfolded, β-rich form through the formation of a three-stranded
β-sheet-like intermediate configuration is observed. The direct observation in this
transition supports the structural theory that there is a core of amyloid fibrils of hu-
man PrP mapping to C-terminal residues from 160-220. This β-sheet-like structure
was also observed when the disulfide bond is mutated, which suggests that residues
155-194 may play a key role in the formation of PrPSc. Moreover, the intermedi-
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ate states observed in this section match those previously reported for PrP without
the disulfide bond, which demonstrates the potential of using mechanical force to
elucidate the unfolding and misfolding mechanisms in PrP and sheds light on the im-
portant role of force on the formation of aggregation-prone intermediate conformation
for prion proteins.
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CHAPTER 4
Atomistic Simulation of the Rate-Dependent Ductile-to-Brittle Failure
Transition in Bicrystalline Metal Nanowires at Experimental Strain
Rates
4.1 Introduction
The mechanical properties and failure mechanisms of metal nanostructures have been
studied intensely for many years. This has been partly due to the significant potential
of these materials across a range of nanotechnology applications(Xia et al., 2003;
Barnes et al., 2003), and partly as a basic scientific question to uncover how and
why their mechanical properties change as their characteristic sizes are reduced to
nanometer dimensions(Greer and Hosson, 2011; Park et al., 2009; Weinberger and
Cai, 2012; Wang et al., 2013; Zhu, 2017).
Insights into the mechanical properties and plastic deformation mechanisms of
metal nanowires have been obtained through both classical MD simulations(Park
et al., 2009; Weinberger and Cai, 2012; Diao et al., 2003; Park et al., 2005; Liang et al.,
2005; Park et al., 2006; Zhu et al., 2008), as well as nanomechanical experiments(Greer
et al., 2005; Greer and Nix, 2006; Uchic et al., 2004; Yue et al., 2011; Yue et al., 2012;
Zheng et al., 2010; Wang et al., 2017; Seo et al., 2011; Seo et al., 2013; Zhu, 2017;
Ramachandramoorthy et al., 2016; Wang et al., 2013; Zhu et al., 2012). However,
as is well-known, MD simulations operate at time scales (micro to nanoseconds) and
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strain rates (˙ = 106 − 109 s−1) which are almost ten orders of magnitude different
from experimentally-accessible time scales (seconds or longer), and strain rates (˙ =
10−4−100 s−1). This can lead to discrepancies in understanding of nanowire plasticity
at different time scales, particularly if the incipient plastic deformation mechanism
is strain-rate-dependent, as in the recent experiments of Ramachandramoorthy et
al.(Ramachandramoorthy et al., 2016) and slow strain rate simulations by Yan and
Sharma(Yan and Sharma, 2016). In particular, an implicit assumption in studying
nanowire plasticity has been to assume that similar defect nucleation mechanisms are
observed at all strain rates(Zhu et al., 2008; Ramachandramoorthy et al., 2016), which
could lead to inaccurate predictions in the energetic barriers to defect nucleation, the
inability to capture strain-rate sensitive plasticity transitions, and errors in predicting
the yield stress as the strain rate decreases.
In this chapter, the SLME method is utilized to access long time scales and slow
strain rates(Yan et al., 2016) so as to inverstigate the strain-rate-dependent transi-
tions in the incipient plastic deformation mechanisms, yield stress, and finally ductile-
to-brittle failure mechanism for ultrasmall (diameter < 10 nm) bicrystalline metal
nanowires. These results are distinct in focus from most experimental studies, which
have typically centered on size and microstructure effects on the mechanical proper-
ties and plasticity of nanowires(Wang et al., 2013; Zhu, 2017; Park et al., 2009; Wang
et al., 2014; Wang et al., 2010). They are also distinct from previous MD simula-
tions and experiments that studied the effects of internal microstructure (grain and
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twin boundaries (TBs)) on the mechanical properties of nanowires(Zhu et al., 2012;
Jennings et al., 2011; Wang and Huang, 2006; Deng and Sansoz, 2009; Cao et al.,
2006; Narayanan et al., 2015) because how the plastic deformation mechanisms that
nucleate from internal planar boundaries are strain-rate-dependent is demonstrated
in this chapter. Specifically, a strain-rate-dependent yield transition in both silver
and copper bicrystalline nanowires is observed, which is governed by the change in
incipient plastic event from Shockley partials nucleated on primary slip systems at
MD strain rates to the nucleation of planar defects on non-Schmid slip planes at
experimental strain rates, where the incipient planar defect is the formation of mul-
tiple TBs for copper and stacking faults (SFs) for silver. Finally, at experimental
strain rates, a ductile-to-brittle transition in failure mode similar to previous exper-
imental studies on bicrystalline silver nanowires is observed(Ramachandramoorthy
et al., 2016), which is driven by differences in dislocation activity and GB mobility
as compared to the high strain rate case. The work presented in this section was also
published in (Tao et al., 2018a).
4.2 The Simulation Method and Model
While MD has led to many fundamental insights on the plasticity of nanomaterials and
nanowires, it operates at time scales and strain rates that are significantly different
from those seen in nanomechanical experiments(Zhu, 2017). Because of this, the
SLME method introduced in Section 2.2.1 is utilized to study the incipient defect
nucleation and subsequent yield mechanisms for strain rates ranging from MD to
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experimental. The key step is that a direct connection between energy barriers crossed
on the PES and strain rate is made using transition state theory. Specifically, the
constant strain rate SLME method begins with the following expression for strain
rate, which was derived by Zhu et al. from TST assuming constant temperature and
strain rate(Zhu et al., 2008)
˙ = nν0
kBT
E(σ, T )Ω(σ, T )
exp
(
−Q(σ, T )
kBT
)
(4.1)
where n is the number of independent nucleation sites, ν0 is the attempt frequency,
E(σ, T ) is the Young’s modulus, Ω(σ, T ) is the activation volume and Q(σ, T ) is
the activation free energy for dislocation nucleation. The activation free energy can
be expressed as Q(σ, T ) = (1 − T/Tm)Q0(σ), where Tm is the surface disordering
temperature and Q0(σ) is the activation energy on the zero temperature PES. By
defining a characteristic prefactor ˙0 = nν0
kBT
E(σ,T )Ω(σ,T )
, the Eq. 4.1 is rewritten as
˙ = ˙0 exp
(
−(1− T/Tm)Q0(σ)
kBT
)
(4.2)
In this chapter, the plastic deformation mechanisms in bicrystalline silver and
copper nanowires spanning about 10 orders of magnitude in strain rate, i.e. from
high rate MD to experimental is investigated. This nanowire system is chosen be-
cause it has recently been investigated both experimentally and using MD simula-
tions(Ramachandramoorthy et al., 2016), and also because we are interested in ex-
amining strain rate effects on the plastic deformation mechanisms that nucleate from
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Figure 4.1: (a) Atomistic model of a pristine 4.5 nm diameter bicrystalline
silver nanowire. Grain A (blue) and grain B (orange) follow the lattice
directions shown in the bottom image, which results in the grains being
tilted by 35.26◦ about the [110] direction with respect to each other. (b)
Surface configuration of the silver nanowire with surface roughness. Surface
defects are introduced in the nanowire by removing selected atoms from the
pristine configuration as described in the main text. Bottom images show
atomic structure looking down the [110] nanowire axis.
internal planar boundaries.
To create the bicrystalline nanowires shown in Fig. 4.1(a), the procedure described
previously(Ramachandramoorthy et al., 2016) is followed. Specifically, the two grains
are built following the lattice directions in Fig. 4.1(a), which results in grain A and
grain B being tilted by 35.26◦ about the [110] direction with respect to each other.
Rigid body translations in the y − z plane of one grain with respect to the other
are used to sample a number of initial configurations(Tschopp and McDowell, 2007;
Zhang et al., 2014; Ramachandramoorthy et al., 2016). Because the grain rotation
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may cause atoms to be physically too close to each other within the GB, atoms that are
closer than a critical distance of 0.25a0, where a0 is the lattice constant, are removed
from the system. Subsequently, a nanowire with circular cross section was cut out
from the original simulation cell. Periodic boundary conditions are maintained along
the nanowire axis while the transverse directions are free, creating free surfaces along
the nanowire. The conjugate gradient energy minimization is then performed to find
a minimum energy configuration, where the configuration with the lowest potential
energy was chosen for our study(Zhang et al., 2014).
Nanowires with surface roughness is also considered, similar to the
experimentally-studied bicrystalline silver nanowires of Ramachradramoorthy et
al.(Ramachandramoorthy et al., 2016). Surface roughness was created in both grains
of the bicrystalline nanowires by removing atoms up to a depth of 0.8 nm with a
roughness diameter of 1.5 nm in both grains. The effect of surface roughness on the
strain-rate-dependent incipient plasticity transitions will be quantified later in this
chapter.
Due to the computational expense of the SLME method, 4.5 and 6.5 nm diam-
eter bicrystalline silver and copper nanowires are examined with periodic boundary
conditions along the nanowire axial direction, which enable us to bridge the gap
in strain rates from MD to experimental, but do not allow us to perform a direct
comparison to the experiments in size scale. Copper nanowires were modeled us-
ing the embedded atom method (EAM) interaction potential for copper developed
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by Mishin et al.(Mishin et al., 2001), while the silver nanowires were modeled us-
ing the EAM potential of Williams et al.(Williams et al., 2006), which was also
used by Ramachandramoorthy et al.(Ramachandramoorthy et al., 2016). The visu-
alization of the nanowire deformation mechanisms was performed using the software
OVITO(Stukowski, 2009).
4.2.1 Benchmarking SLME Results Against Classical MD at High Strain
Rates
The SLME results are first benchmarked against classical high strain rate MD simu-
lations before using the SLME method at slower strain rates that are not accessible
using MD. The SLME approach is utilized to explore the PES, while the system
size and boundaries are held fixed. Multiple energy minima are identified until the
thermally assisted barrier crossing exceeds Q∗, where Q∗ is a defined parameter that
specifies the maximum barrier height on the PES that can be overcome, and which
allows a direct connection to strain rate ˙ as
˙ = ˙0 exp
(
−(1− T/Tm)Q
∗
kBT
)
(4.3)
where ˙0 = 10
9 s−1, Tm = 940 K for the bicrystalline silver nanowire and Tm = 1050
K for the bicrystalline copper nanowire with diameter of 4.5 nm. The kMC approach
is then used to pick the most likely transition path, at which point a new strain
increment followed by SLME sampling is performed. This approach is repeated until
the yielding is observed for a range of strain rates. Fig. 4.2 shows a comparison of
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Figure 4.2: Validating SLME results against benchmark MD results for
stress-strain curves at two different high strain rates of ˙ = 109 s−1 and ˙ =
107 s−1 at a temperature of 300 K for 4.5 nm bicrystalline silver nanowires
with pristine surfaces.
the SLME and MD-generated stress-strain curves at room temperature for the MD-
accessible strain rate of ˙ = 109 s−1 and ˙ = 107 s−1 for 4.5 nm bicrystalline silver
nanowires with pristine surfaces.
The Young’s modulus for this bicrystalline silver nanowire is 104.5 GPa at a strain
rate of 109 s−1, which is comparable to the reported Young’s modulus of 112.4 GPa for
a 4.4 nm square cross-section 〈110〉-oriented silver nanowire(McDowell et al., 2008).
The modulus does not change appreciably when the strain rate decreases to 107 s−1,
while the yield strain decreases from 6% to 5.3% and the yield stress decreases from
3.95 GPa to 3.7 GPa by reducing the strain rate from 109 s−1 to 107 s−1. The yield
stress as defined here and throughout this paper corresponds to when a large drop
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in stress is observed, as clearly seen at the different strain rates in Fig. 4.2. The
SLME results match the MD results both for the Young’s modulus, and also the
yield strain and yield stress, as well as the general post-yield behavior, including the
large stress drop after yield that is characteristic of nanowires that are subject to
displacement-controlled loading(Ramachandramoorthy et al., 2016).
4.3 SLME Investigation of Stress and Strain-rate-dependent Incipient
Plastic Deformation Mechanisms
4.3.1 Pristine Nanowires
Now in this section the key results of this investigation, i.e. the strain-rate-dependent
transition in incipient plastic deformation mechanisms for FCC metal bicrystalline
nanowires are presented. The mechanical properties of the bicrystalline nanowires
share some common features at different strain rates as shown in Fig. 4.2. In partic-
ular, while the yield stress varies with strain rate, the elastic modulus, and thus the
elastic pathway traversed by the nanowire before yielding, is quite similar. We exploit
this feature by considering different dislocation free structures for various stress states
prior to yielding. At each of these stress states, the SLME approach is utilized to
explore the PES while the nanowire length is held fixed until yielding of the nanowires
is observed.
Fig. 4.3 shows results for 4.5 nm diameter bicrystalline silver and copper nanowires
with pristine surfaces immediately after yielding at different stress levels. Later, these
stress levels will be connected to their corresponding strain rates via Eq. 4.2 to
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Figure 4.3: (a-b) Atomic configurations immediately after yielding from
SLME simulations at stresses of (a) 3.9 GPa and (b) 2.2 GPa for bicrys-
talline silver nanowires with pristine surfaces and diameter of 4.5 nm. (c-e)
Atomic configurations immediately after yielding from SLME simulations at
stresses of (c) 5.23 GPa, (d) 4.29 GPa and (e) 3.06 GPa for bicrystalline
copper nanowires with pristine surfaces and diameter of 4.5 nm. In all cases,
yielding, which is defined by a significant drop in stress, is caused by the
emission of partial dislocations on primary slip planes. Only planar defects
are visualized. The following color convention is used in all images in this
figure: gray planes: GB; single red plane: TB; two adjacent red planes: SF.
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demonstrate that the transition in incipient plastic deformation mechanism seen in
Fig. 4.3 occurs at experimentally-relevant strain rates.
Figs. 4.3(a-b) illustrates the two different stress-dependent configurations that are
observed immediately after yielding for the silver nanowires. In the high stress regime
(σ > 3.2 GPa), the incipient plastic event corresponds to the yielding event, which
occurs via the nucleation of leading partials from the nanowire GB as shown in Fig.
4.3(a). When these partials sweep through the grain, more dislocations are triggered
and nucleated in the opposite grain. These dislocations glide along the (111) and
(111¯) slip planes with a Schmid factor of 0.471, which is in agreement with the MD
simulations of Ramachandramoorthy et al., in which the same types of partials were
observed in bicrystalline silver nanowires(Ramachandramoorthy et al., 2016).
However, when the nucleation stress is below 3.2 GPa, a different sequence of
plastic deformation events is observed prior to yielding in the bicrystalline silver
nanowires, as shown in Fig. 4.3(b). Specifically, Shockley partial dislocations are
successively emitted on (1¯11) and (11¯1) slip planes from the GB. These partial dis-
locations then glide along the slip direction, leaving several long, planar SFs. These
SFs are particularly interesting because, unlike in the high stress cases, the slip plane
on which the partial dislocations propagate has a zero Schmid factor and as a result,
the formation of these SFs does not cause yielding. Yielding subsequently occurs via
the nucleation of leading partial dislocations as observed in the high stress cases.
In order to explore whether a similar stress-dependent transition in the incipient
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plastic event occurs in other FCC metal nanowires, similar simulations for bicrys-
talline copper nanowires are performed, as shown in Fig. 4.3(c-e). At high stresses
(σ > 4.5 GPa), as illustrated in Fig. 4.3(c), the first defect, which corresponds to
the yielding event, is the same as the bicrystalline silver nanowires, i.e. dislocations
gliding along the (111) and (111¯) slip planes. However, when the stress is decreased,
TBs are formed on slip planes with zero Schmid factor before yielding of the nanowire
occurs as shown in Fig. 4.3(d).
If the nucleation stress is lower (less than 3.7 GPa), after the emission of multiple
TBs a long, planar SF on the (1¯11) slip plane is emitted from the GB in grain B
as illustrated in Fig. 4.3(e). Yielding subsequently occurs via the gliding of partial
dislocations on primary slip planes from the free surface near the intersection between
either the GB or the TBs and the surface. The stresses in the bicrystalline copper
nanowires are larger than those seen in the bicrystalline silver nanowires, which is
expected due to the lower energetic cost for defect nucleation in silver as compared
to copper(Bernstein and Tadmor, 2004).
The formation of long planar SFs in bicrystalline silver nanowires as well as multi-
ple TBs in bicrystalline copper nanowires at low stresses prior to yielding share some
common features as all of these planar defects occur on slip planes with zero Schmid
factor, i.e. there is no resolved shear stress on the slip planes due to external load-
ing. While a slip plane with a zero Schmid factor is one on which slip is unlikely to
occur, this construct may not hold when the effects of the nearby GB are considered.
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Specifically, the GB can serve as a dislocation source due to the local stress fields
resulting from the large numbers of disordered atoms it contains.
To demonstrate this, Fig. 4.4 plots the defect nucleation processes for 4.5 nm
diameter bicrystalline silver and copper nanowires with pristine surfaces before yield,
and the corresponding atomic shear stress distribution along the slip direction on slip
planes with zero Schmid factor. The resolved shear stress along the leading partial
direction is calculated by analyzing the per-atom virial stress tensor calculated by
LAMMPS(Lammps, 2012). Given the lattice directions of x: [001], y: [11¯0] and z:
[110], the (1¯11) slip plane and the 1
6
[1¯12¯] slip direction as an example, in the global
coordinates, the unit vector normal to the slip plane becomes n = [
√
3
3
,−
√
6
3
, 0] and
the unit vector parallel to the slip direction becomes s = [−
√
6
3
,−
√
3
3
, 0]. Since the
shear stress on the slip plane along the slip direction can be related to the full stress
tensor by
τ = s · σ · n′, (4.4)
there is τ = −
√
2
3
σxx+
1
3
σxy+
√
2
3
σyy. In Fig. 4.4(a), the top images show that successive
partial dislocations are nucleated from the GB, where the green lines indicate the
positions of the Shockley partial dislocations. The bottom images of Fig. 4.4(a) show
that dislocations nucleate from regions of the GB where atoms with a large positive
stress value along the slip direction are next to atoms with a large negative value, as
indicated in the circle. The nucleation of partial dislocations from these regions helps
to relieve the local stress heterogeneity. This finding parallels with that of Yamakov et
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Figure 4.4: (a) (Top:) Atomic configurations and (Bottom:) atomic shear
stress distribution before and after the formation of long planar SFs at a
stress of 2.6 GPa for 4.5 nm bicrystalline silver nanowires with pristine sur-
faces. These SFs correspond to that shown in Fig. 4.3(b). (b) (Top:)
Atomic configurations and (Bottom:) atomic shear stress distribution be-
fore and after the formation of the TBs at a stress of 3.06 GPa for 4.5 nm
bicrystalline copper nanowires with pristine surfaces. These TBs correspond
to that shown in Figs. 4.3(d) and 4.3(e). For both (a) and (b), top images
are colored by the dislocation extraction algorithm (DXA) in OVITO while
the bottom images are colored by atomic shear stress with color bar shown
on the image. The atomic shear stress is calculated via Eq. 4.4. The arrows
in bottom images point to the nucleation point for Shockley partial disloca-
tions. Only the GB and other planar defects are visualized. Single red plane:
TB; two adjacent red planes: SF; green line: Shockley partial dislocation.
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al.(Yamakov et al., 2001), who reported via MD simulation studies of the deformation
of nanocrystalline FCC metals that the nucleation of partial dislocations is induced
by the local shear stress regardless of the Schmid factor on the slip directions.
The nucleation process in copper is similar to that for silver as illustrated in Fig.
4.4(b). Similar to the silver nanowires, the partial dislocations are nucleated from
the GB where a large stress heterogeneity exists. After the emission of two SFs, a
trailing partial is nucleated on one of the slip planes that already contains a SF, then
propagates and replaces a SF with a full dislocation, which leaves the configuration
with several TBs. This TB formation process enables the reorganization of the lower
portion of the GB, which divides the nanowire into three grains with different lattice
directions. The newly formed grain C has a tilt angle of 73.5◦ with respect to grain
B and an angle of 71.3◦ respect to grain A about the [110] direction. The TBs that
form therefore remove part of the less stable GB structure that was initially formed
between grains A and B, which leads to the significant decrease in potential energy.
4.3.2 Influence of Surface Roughness and Nanowire Size
The effect of surface roughness is also inverstigated, due to reports that the bicrys-
talline nanowires studied experimentally(Ramachandramoorthy et al., 2016) con-
tained surface undulations. To do so, surface undulations are introduced to both the
silver and copper bicrystalline nanowires as shown previously in Fig. 4.1, and per-
formed SLME simulations at different stress levels. For the materials and nanowire
diameters investigated in this chapter, surface roughness did not impact the incipient
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nucleation mechanism transition as shown in Fig. 4.5. At high stresses, different from
the pristine nanowires, where primary slip is nucleated from the GB, partial disloca-
tions that lead to yielding is nucleated from surface defects due to localized plasticity.
However, similar transition in the incipient mechanisms as pristine nanowires is ob-
served when investigating nanowires with a lower stress. Specifically, as shown in Fig.
4.5(b) and (d), dislocation nucleations from GB on zero Schmid slip planes before yield
are observed for nanowires with both pristine surface and surface roughness.
The size effects on the plastic deformation mechanisms of the bicrystalline
nanowires are further examined. Due to computational cost limitations, 6.5 nm
bicrystalline FCC metal nanowires are investigated. Fig. 4.6 shows the atomic con-
figurations immediately after yielding for bicrystalline silver nanowires with both
pristine surface and surface imperfections. The transition in incipient nucleation
mechanism is also observed for 6.5 nm silver nanowires at a lower stress level. Fewer
dislocation events are observed for the larger bicrystalline silver nanowire, due to
the reduced GB and surface effects for the larger diameters. This is because larger
nanowires would incur a larger energetic penalty having twins or SFs nucleate along
its loading axis than the smaller diameter nanowires studied computationally here.
For 4.5 nm diameter pristine silver and copper nanowires, yielding occurs via par-
tial dislocation slip on primary (non-zero Schmid factor) slip planes emitted from the
GB as described in the main manuscript. However, if the surface roughness exists, as
illustrated in Fig. 4.7(a), it is clear that the partial dislocations that cause yielding
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Figure 4.5: (a-b) Atomic configurations immediately after yielding from
SLME simulations at stresses of (a) 3.5 GPa and (b) 2 GPa for bicrystalline
silver nanowires with surface defects which have a diameter of 4.5 nm. (c-
d) from SLME simulations at stresses of (c) 4.8 GPa and (d) 3.4 GPa for
bicrystalline copper nanowires with surface defects which have a diameter of
4.5 nm. In all cases, yielding, which is defined by a significant drop in stress,
is caused by the emission of partial dislocations on primary slip planes. Only
GB and other planar defects are visualized. The following color convention
is used in all images in this figure: gray planes: GB; single red plane: TB;
two adjacent red planes: SF.
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Figure 4.6: (a-b) Atomic configurations immediately after yielding from
SLME simulations at stresses of (a) 3.9 GPa and (b) 2.2 GPa for bicrystalline
silver nanowires with diameter of 6.5 nm. (c-d) from SLME simulations at
stresses of (c) 3 GPa and (d) 2 GPa for 6.5 nm-diameter bicrystalline silver
nanowires with surface defects. In all cases, yielding, which is defined by a
significant drop in stress, is caused by the emission of partial dislocations on
primary slip planes. Only GB and other planar defects are visualized. The
following color convention is used in all images in this figure: gray planes:
GB; single red plane: TB; two adjacent red planes: SF.
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Figure 4.7: Illustration of surface dislocation nucleation in (a) 4.5 nm
diameter silver nanowires with surface roughness, (b) pristine 6.5 nm diam-
eter silver nanowires and (c) 6.5 nm diameter silver nanowires with surface
roughness. Only GB and other planar defects are visualized. The following
color convention is used in all images in this figure: gray planes: GB; two
adjacent red planes: SF.
nucleate from the locations of surface roughness for the 4.5 nm nanowires, which is
in agreement with the experimental observations(Ramachandramoorthy et al., 2016).
Furthermore, for both copper and silver nanowires with the larger diameter we con-
sidered (6.5 nm), the yielding partial dislocations nucleate from the free surface re-
gardless of whether the surfaces were pristine, or had roughness as shown in Figs.
4.7(b) and S4.7(c).
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4.4 Connecting the Nucleation Mechanism, Activation Energy and Strain
Rate
The SLME simulations have demonstrated that different incipient plastic deformation
mechanisms prior to yielding are operant depending on the stress that is applied.
However, at all stress levels, the stress drop after yield, and thus yielding, is caused by
the nucleation of partial dislocations on the non-zero Schmid factor slip planes. The
activation energy barrier for dislocation nucleation is calculated using the climbed
image nudged elastic band (CINEB) method(Henkelman et al., 2000), which is an
efficient method to explore activation pathways for distinct nucleation processes. The
initial configuration is a nanowire that has not yielded, while the final state contains a
SF that forms by dislocation nucleation on primary slip planes with a nonzero Schmid
factor. Fig. 4.8(a) illustrates the nucleation of a partial dislocation from the GB at
high stress (5.23 GPa) for bicrystalline copper nanowire with diameter of 4.5 nm,
along with the configurations at saddle points and final states. Fig. 4.8(b) shows the
activation energy pathway for the nucleation of partial dislocations on primary slip
systems from the nanowire surface after the formation of TBs and the long planar SF
at the lower stress level of 3.06 GPa.
Fig. 4.9 summarizes the activation energy barriers that must be crossed in order
for yielding to occur at different stresses for bicrystalline silver and copper nanowires
with both pristine surfaces and surface roughness. The activation energy can be fitted
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Figure 4.8: The CINEB calculated minimum energy path for yielding via
partial dislocation nucleation on the primary slip systems observed at a stress
of (a) 5.23 GPa and (b) 3.06 GPa for bicrystalline copper nanowires with
diameter of 4.5 nm. The insets show the corresponding atomic configurations
before and after yield, which is colored by DXA in OVITO. Gray planes:
GB; single red plan: TBs; two adjacent red planes: SF; green line: Shockley
partial.
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Figure 4.9: Energy barriers for primary slip at different prescribed stresses
for (a) bicrystalline silver nanowires and (b) bicrystalline copper nanowires
with diameter of 4.5 nm. The transition in activation energy occurs due to
the different incipient nucleation mechanisms that occur at different stresses
for the nanowires with pristine and rough surfaces as previously illustrated
in Figs. 4.3 and 4.5.
89
by a quadratic polynomial function
Q0(σ) = A(1− σ/σ0)2 (4.5)
where σ0 is the yield stress with Q0 = 0 and A is a fitting constant. The activation
energy increases as the stress decreases since the stress can lower the activation energy
barrier for yielding. It is clear that there is a transition in the Q0 − σ plot at a
stress value, which is consistent with the transition stress for the change in incipient
nucleation mechanism as shown in Figs. 4.3 and 4.5.
The nucleation stress and activation energy are then connected to strain rate.
Specifically, by converting the activation energy to strain rate using Eq. 4.3, the
strain-rate-dependence of yield stress are determined. To connect the activation en-
ergy Q0(σ) to strain rate, the two unknown parameters Tm and ˙0 in Eq. 4.3 should be
estimated. The Eq. 4.3 is fitted to MD simulations at strain rates of 107 s−1 and 109
s−1 using the activation energy barriers obtained by CINEB. In doing so, we find that
Tm = 940K and ˙0 = 10
9 s−1 for silver bicrystalline nanowires with diameter of 4.5
nm. The values are comparable to the calculated surface disordering temperature of
926K, where the surface melting temperature of [110] face is 0.75 of the bulk melting
temperature(Jayanthi et al., 1985) and an attempt factor about 1010 s−1 (Kobelev
et al., 2008).
After directly connecting activation energy to strain rate, Fig. 4.10 shows the
resulting yield stress as a function of strain rate at 300K for bicrystalline silver and
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Figure 4.10: (a) Yield stress as a function of strain rate at room tem-
perature for bicrystalline silver nanowires with diameter of 4.5 nm. The
transition in yield stress occurs due to the different incipient nucleation
mechanisms that occur at different stresses for the nanowires with pristine
and rough surfaces as previously illustrated in Figs. 4.3(a-b) and 4.5(a-b).
(b) Yield stress as a function of strain rate at room temperature for bicrys-
talline copper nanowires with diameter of 4.5 nm. The transition in yield
stress occurs due to the different incipient nucleation mechanisms that occur
at different stresses in Figs. 4.3(c-e) and 4.5(c-d).
copper nanowires with diameter of 4.5 nm. As can be seen in Fig. 4.10(a), there
is a transition in the yield stress that occurs at a strain rate of about 102 s−1 for
bicrystalline silver nanowires with pristine surfaces, where an increased sensitivity
to strain rate begins to manifest itself. A similar transition in the yield stress for
bicrystalline copper nanowires with pristine surfaces is also observed as shown in Fig.
4.10(b), though at a slower strain rate as compared to silver, i.e. around 0.5 s−1.
The transition in yield stress for bicrystalline silver occurs at a higher strain rate
than bicrystalline copper due to the fact that silver has a much lower SF energy,
which corresponds to a lower energy barrier for defect nucleation, and thus a higher
frequency of occurrence.
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While the existence of surface roughness did not impact the incipient nucleation
mechanisms, the activation energy required for surface dislocation nucleation is re-
duced due to the presence of the surface roughness. The lower activation energy bar-
rier for defect nucleation results in the yield stress transition being shifted to lower
stress and higher strain rates for both the silver and copper bicrystalline nanowires.
Specifically, the transition in the yield stress occurs at the higher strain rate of 104
s−1 for silver nanowires with surface roughness, and 103 s−1 for copper nanowires
with surface roughness, as shown in Figs. 4.10(a) and (b). In contrast, the transi-
tion strain rate decreases with increasing nanowire diameter, due to the decreasing
importance of surface effects. For example, the transition strain rate reduces to 1 s−1
and 103 s−1 for 6.5 nm bicrystalline silver nanowires with pristine and rough surfaces,
respectively.
Fig. 4.10 demonstrates that transitions in the strain-rate-dependent incipient
nucleation events strongly impact the resulting yield stress for these bicrystalline
nanowires. Furthermore, they demonstrate that the transition in the yield stress
with strain rate is observed for the different materials even though the mechanisms
governing the transition, i.e. from partial dislocation slip on primary slip planes to
the formation of long, planar SFs on non-Schmid slip planes in bicrystalline silver,
to the formation of multiple TBs in bicrystalline copper, are different. They also
illustrate the potential issues that can arise if the high stress nucleation mechanisms
and stresses observed in MD simulations are directly extrapolated to experimental
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strain rates without directly observing any changes in incipient nucleation mechanism
that can occur as the strain rate decreases.
In order to understand strain-rate effects on the yield stress, the strain rate sen-
sitivity m is calculated using the expression(Peng et al., 2013)
σ = σ0˙
m (4.6)
where σ0 is the reference stress. By performing a linear fit to the logarithm of yield
stress versus strain rate, m is calculated to be 0.0115, 0.0078 at strain rate of 108 s−1
and 0.021, 0.023 at a strain rate of about 10−3 s−1 for pristine silver and copper bicrys-
talline nanowire repsectively. These values indicate that the dislocation nucleation
stress shows an increase in strain rate sensitivity as the strain rate decreases, which
is similar to the experimental reports(Ramachandramoorthy et al., 2016). This sig-
nificant change in strain-rate sensitivity reflects the stress and strain-rate-dependent
transition in the nucleation mechanisms preceding yield that are observed in our
simulations(Jennings et al., 2011). These values also agree well with those reported
in bulk copper without twins (m = 0.005 ± 0.001) or with a low twin density of
m = 0.025± 0.009(Lu et al., 2005).
4.5 Ductile-to-Brittle Transition at Experimental Strain Rates
In this section, the effects of strain rate on the ductility and failure of the 4.5 nm
diameter bicrystalline silver nanowires with surface roughness is investigated. To do
so,constant strain rate simulations using the SLME method at the high strain rate
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Figure 4.11: SLME simulated stress-strain curves for 4.5 nm bicrystalline
silver nanowires with surface roughness at both MD-relevant (˙ = 109 s−1)
and experimentally-relevant (˙ = 10 s−1) strain rates.
of 109 s−1, and a much slower strain rate of 10 s−1 are performed. As can be seen
in Fig. 4.11, when the strain rate decreases from 109 s−1 to 10 s−1, a significant
reduction in fracture strain is observed, from 55% to 35% strain, which is similar to
the ductile-to-brittle transition with decreasing strain rate observed experimentally
by Ramachandramoorthy et al.(Ramachandramoorthy et al., 2016).
Fig. 4.12 shows the deformation mechanisms leading to failure for the two different
strain rates. For the high strain rate (109 s−1) as shown in Fig. 4.12(a), the nanowire
yields at a strain of 4.1% due to the nucleation of leading partial dislocations primary
slip planes (i.e. with non-zero Schmid factor). At a strain of 10%, more SFs are
emitted from the GB in both grains, which induces GB migration along the nanowire
length direction. As the strain increases, the nanowire eventually fractures at around
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Figure 4.12: Atomic configurations showing the defect creation and evo-
lution in 4.5 nm bicrystalline silver nanowires with surface roughness during
tensile deformation at two strain rates of (a) 109 s−1 and (b) 10 s−1. Only
the GB and other planar defects are visualized. The following color conven-
tion is used: gray planes: GB; single red plane: TB; two adjacent red planes:
SF.
55% strain.
At the low, experimentally-relevant strain rate (10 s−1) as shown in Fig. 4.12(b),
the nanowire yields at around 2.5% strain. The yielding occurs due to the nucleation
of partial dislocations on primary slip planes, but the presence of long, planar SFs on
slip planes with zero Schmid factor is also observed, which represents the incipient
nucleation event. The nucleation event of long, planar SFs on slip planes with zero
Schmid factor preceding yielding by partial dislocations on primary slip planes is con-
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sistent with the predicted nucleation and yielding mechanisms shown in Fig. 4.5(b).
As the strain increases, the surface roughness causes localization, and as such the
onset of necking is observed around 5.5% strain, where necking is defined to be the
strain at which the cross sectional area begins, locally, to continuously decrease. As
the strain increases, more planar defects are nucleated from the GB and as a result,
part of the GB is removed due to the nucleation of TBs at 10% strain. Furthermore,
an obvious reduction in the cross sectional area at the necking region is observed
at 20% strain. Fracture then occurs at 35% strain. The mechanisms governing the
ductile-to-brittle transition are distinct from those recently reported for single-crystal
silver nanowires by Zhong et al.(Zhong et al., 2017). In that work, surface atom dif-
fusion at slow strain rates was shown to lead to a brittle-to-ductile transition and
superplasticity at slow strain rates. As this mechanism was not observed here, this
suggests that defect nucleation from the GB controls the deformation characteristics
of these bicrystalline metal nanowires.
There are several important differences in deformation mechanism as compared
to the high strain rate MD simulations. First, instead of the formation of partial
dislocations and SFs at high strain rates and small grains(Wang et al., 2010), full
dislocations are observed at the experimentally-relevant strain rate, which is con-
sistent with previous works demonstrating that planar defects along the nanowire
axial direction can alter the deformation mode from twinning to full dislocations
in metal nanopillars(Sainath and Choudhary, 2015). Specifically, as illustrated in
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Fig. 4.12(b), full dislocations become prevalent after the formation of TBs at the
experimentally-relevant strain rate. Similar behavior has been observed in MD sim-
ulations of 〈110〉-oriented FCC metal nanopillars where twinning and SFs are the
dominant deformation mechanisms in pristine nanopillars, while more full disloca-
tions are observed in nanopillars with a longitudinal TB(Sainath and Choudhary,
2015). The formation of full dislocations occurs because when two leading partials
meet at the TB, a stair-rod dislocation forms and dissociates into two trailing partials,
which eliminates the SFs produced by the leading partials. Second, very little GB
migration is observed, which is different from the high strain rate simulations, and
which limits the ductility of the nanowire at slow strain rates. This is because at the
slower strain rate, more full dislocations are observed, while the dislocation nucleation
is limited to the regions of both grains where the surface roughness is present.
This section closes with a final comparison to the experimental results of Ra-
machandramoorthy et al.(Ramachandramoorthy et al., 2016). Specifically, one indi-
cation that the ductile-to-brittle transition had occurred was a transition in plasticity
behavior from distributed plasticity along the nanowire length, which delayed the
eventual necking, to localized plasticity, leading to abrupt necking and brittle failure.
While distributed plasticity in the SLME simulations is observed at high strain rates,
it is possible that the defect density was not sufficiently large to also lead to the
strain hardening that was observed experimentally. However, one reason for this may
be that the effects of pre-existing bulk defects in the nanowires outside of the initial
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GB is not considered. As shown by Narayanan et al.(Narayanan et al., 2015), strain
hardening can be observed in metallic nanowires by introducing pre-existing bulk and
surface defects, which is also observed in preliminary simulations of the bicrystalline
metal nanowires.
4.6 Conclusion
In conclusion, using the constant strain rate SLME method, strain-rate-dependent
transitions in both the incipient plastic deformation mechanism and yield stress in
ultrasmall bicrystalline copper and silver nanowires are reported. The simulations
showed how the planar defects that nucleate from internal GB are impacted by strain
rate. Specifically, the incipient nucleation mechanism was shown to transition from
Shockley partials emitted on primary slip planes at high strain rates to the formation
of planar defects on non-Schmid slip planes at experimental strain rates, where the
incipient planar defect is the formation of multiple TBs for copper and SFs for silver.
Finally, at experimental strain rates, a ductile-to-brittle transition in failure mode
similar to previous experimental studies on bicrystalline silver nanowires is observed,
which is driven by differences in dislocation activity and GB mobility as compared to
the high strain rate case.
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CHAPTER 5
Superplastic Creep of Metal Nanowires from Rate-Dependent Plasticity
Transition
5.1 Introduction
Understanding the time-dependent deformation and failure mechanisms of metallic
nanowires are essential for their applications in nanomechanical devices(Langley et al.,
2013; Bernal et al., 2014; Li et al., 2016; Ramachandramoorthy et al., 2017). One
important example of this is for stretchable and conductive electronics applications,
where the conductivity is strongly-dependent on the time-dependent mechanical relia-
bility of the conductive element, the metallic nanowires(Ramachandramoorthy et al.,
2017; Zhu and Xu, 2012; Yao and Zhu, 2015; Xu and Zhu, 2012). However, most
experimental and computational studies of the mechanical properties and plasticity
of metal nanowires have focused on size and microstructure effects(Greer et al., 2005;
Greer and Nix, 2006; Uchic et al., 2004; Han et al., 2007; Yue et al., 2011; Yue et al.,
2012; Zhu, 2017; Park et al., 2009; Weinberger and Cai, 2012; Narayanan et al., 2015;
Zhu et al., 2012; Greer and Hosson, 2011). In contrast, very few experimental studies
have examined the time-dependent deformation of nanowires(Ramachandramoorthy
et al., 2017; Cheng et al., 2015; Qin et al., 2015; Zhong et al., 2017; Chen et al.,
2013; Zhong et al., 2017; Sun et al., 2014; Tao et al., 2018a), and no experiments
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have examined creep in metal nanowires.
The time-dependent deformation and failure of materials are traditionally assessed
via creep experiments(Nabarro, 2006), where the response of the material to con-
stant applied forces or stresses is monitored. While such creep investigations have
previously been performed for nanocrystalline metals(Meyers et al., 2006; Huang
et al., 2010; Darling et al., 2016; Yamakov et al., 2004; Wolf et al., 2005; Wang
et al., 2011; Jiao and Kulkarni, 2015; Lau et al., 2010), they have not for metallic
nanowires. The closest such investigationfor metal nanowires was the recent experi-
mental and computational study of stress relaxation in single crystal silver nanowires
by Ramachandramoorthyet al.(Ramachandramoorthy et al., 2017), and the anelas-
tic relaxation from bending on ZnO and Si nanowires(Cheng et al., 2015). In the
experiments of Ramachandramoorthy et al..(Ramachandramoorthy et al., 2017), the
stress-relaxation of the nanowires was examined under constant strain experimental
conditions, and also via classical MD simulations.
With regards to creep, recent MD simulations of creep in nanocrystalline metals
were performed at elevated temperature and extremely high creep rates on the order of
107 s−1 (Wang et al., 2011; Jiao and Kulkarni, 2015). However, MD simulations suffer
from well-known drawbacks, in particular short accessible time scales and artificially
large strain rates(Yan et al., 2016; Fan et al., 2013), and it is thus debatable whether
MD simulation results can directly be extrapolated to laboratory conditions(Wolf
et al., 2005). Furthermore, because MD simulations cannot access experimental time
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scales, direct atomistic observation of rate-dependent plasticity transitions, which
have previously been predicted in FCC metals(Warner et al., 2007), has not occurred.
Therefore, a fundamental and unresolved question that arises and that we attempt
to address in this chapter is: what are the mechanisms governing the creep response
of single crystal metal nanowires?
In this Chapter, the SLME method(Cao et al., 2012; Cao et al., 2013) is utilized
to examine the creep behavior of single crystal FCC metal (Ag, Cu, Pt) nanowires
at time scales ranging from nanoseconds to hundreds of seconds. In doing so, the
effects of stress on the evolution of plasticity os de,pmstrated, and thus the operant
deformation mechanisms governing both steady state creep, and the subsequent tran-
sition to failure. In particular, Cu and Ag nanowires exhibit superplasticity for lower
creep stresses, which is enabled by a rate-dependent transition in the defect nucleation
from twinning to trailing partial dislocations at the micro (Ag) or millisecond (Cu)
timescales. This shows the necessity of accessing experimentally-relevant timescales
to gain new insights into the time-dependent properties of nanomaterials. The work
presented in this section was also published in(Tao et al., 2018b).
5.2 Simulation Method and Model
To study the creep mechanisms of single crystal FCC metal nanowires, the SLME
method(Cao et al., 2012; Yan et al., 2016; Cao et al., 2013; Cao et al., 2014; Tao
et al., 2018a; Fan et al., 2013; Yan and Sharma, 2016) introduced in Chapter 2 is
utilized to overcome the high strain rate and short time scale computational hurdles
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that are intrinsic to classical MD. For application of the SLME method to nanowire
creep, quartic PFs are utilized to push the system out of potential energy wells in
which it can become stuck if the applied stress is not sufficient to lower the energy
barrier to enable the system to escape. Application of the quartic PFs is followed by
an energy minimization. Upon application of a sufficient number of PFs, the system
escapes over the lowest energy barrier to a neighboring potential energy well, where
PFs are again applied if the applied stress is not sufficient to lower the energy barrier
to enable the system to escape. By comparing the energy of all energy minimized
configurations, the barriers separating two local energy minima can be obtained.
Because the PFs are only needed if the applied stress is not sufficient to lower the
energy barrier by itself, the PFs can be physically interpreted as thermal activation
that assists the mechanical force in enabling the system to escape from a local energy
minimum. This feature is important as thermal activation has been shown to be
critical in causing the rate-dependent plasticity transitions seen previously in FCC
metals(Warner et al., 2007). This procedure is repeated until failure of the nanowire
occurs.
The output of SLME is a set of transition state pathway trajectories, each being
an ordered sequence of energy minima and saddle points. A key aspect of the SLME
method is that a direct connection between energy barriers crossed on the PES and
time is made using transition state theory. Thus, the creep time is estimated using
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transition state theory(Ha¨nggi et al., 1990) via
τ =
N∑
i=1
(
ν exp−Qi/kBT
)−1
, (5.1)
where ν is the attempt frequency which is taken to be 1013 s−1, Qi is the energy barrier
of activation path i and T is the temperature. Since Qi could be overestimated by
SLME, the nudged elastic band method (NEB)(Henkelman et al., 2000) is utilized to
refine the barrier connecting the two neighboring energy minima.
Single crystal 〈100〉/{100} Cu, Ag and Pt nanowires are examined in this Chap-
ter. These three FCC metals are chosen because they have been predicted to un-
dergo a plasticity transition from twinning to full dislocation formation at different
times in the study of crack-tip behavior at different stress levels(Warner et al., 2007).
Single crystal nanowires is chosen due to their relative simplicity, as the classical
GB-mediated mechanisms for creep that are seen in polycrystalline metals is not
expected(Nabarro, 2006; Meyers et al., 2006).
The nanowires were simulated with different EAM potentials, i.e. by the Mishin
et al. for Cu(Mishin et al., 2001), the Wu and Trinkle potential for Ag(Wu and
Trinkle, 2009) and the Sheng et al. potential for Pt(Sheng et al., 2011). Due to the
computational expense of the SLME method, all nanowires in our SLME simulations
have a square cross section with width of about 2.5 nm and aspect ratio of 3. Free
boundary conditions were applied along all three directions of the nanowire. The
energy of the nanowires was first minimized using the conjugate-gradient method,
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after which they were relaxed for 20 ps at 300K in the NVT ensemble. A constant
uniaxial tensile stress to induce creep was then applied along the axial direction at
one end of the nanowire while the other end was held fixed; there was no constraint in
the transverse directions. All simulations were performed using the publicly available
simulation code LAMMPS(Plimpton, 1995) while the OVITO package(Stukowski,
2009) was used for visualization.
5.3 Creep Curves
To benchmark the creep simuations using SLME methods, the SLME results for creep
at high stresses and short timescales are compared against MD simulations. The first
validation is to compare the creep time. Fig. 5.1 shows the system strain as a function
of creep time at stresses of 0.59σy and 0.56σy for Cu nanowires simulated by MD and
SLME method. As can be seen, creep curves obtained using the SLME method
quantitatively match those obtained using classical MD. Furthermore, the trend that
the creep time increases for decreasing stress is also captured by both simulation
techniques. The creep stresses here are normalized by the yield stress σy, where the
yield stress is calculated from constant strain rate MD simulations at a strain rate of
109 s−1. The yield stresses of Pt, Cu and Ag nanowires are 11.4 GPa, 6.7 GPa and 5.3
GPa respectively. The second validation is to compare the creep mechanism. Both
methods start from the same initial structure, a defect free 〈100〉/{100} nanowire.
Under constant stress, TBs appears in the nanowire on {111} slip planes (snapshot
of  = 9% in Fig. 5.2). More defects, such as SF and TB migration, form as the
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Figure 5.1: Creep curve using SLME and conventional MD approach
under high stresses for Cu nanowires at room temperature.
strain increases and finally necking starts around a strain of 14% for an applied creep
stress of 0.59σy as shown in Fig. 5.2. The comparison between the SLME and MD
results shows that the creep deformation sequence and patterns predicted by SLME
algorithm are qualitatively similar to MD results at high stresses.
The creep curves for the nanowires follow the classical three stages of creep strain
evolution, as an example shown in Fig. 5.3. In the first stage, a rapid elastic strain
generation due to the externally applied constant stress is seen in the first few pi-
coseconds. The secondary stage, or plastic regime begins with yield of the nanowire
which occurs via the nucleation of dislocations. Different from the steady-state be-
havior with continuous strain increases with time that is observed in the creep of bulk
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MD
SLME
𝜖 = 0 𝜖 = 9% 𝜖 = 14% 𝜖 = 30%
Figure 5.2: Creep mechanism of single crystal Cu nanowire using both the
SLME and MD approach under stress of 0.59σy at room temperature. To
discern defects in the nanowires, colors are assigned to the atoms according
to a local crystallinity classification visualized by common neighbor analysis
(CNA) in OVITO. Perfect FCC atoms are removed for clarity, red stands
for HCP atoms, blue for BCC atoms and green for other atoms.
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Figure 5.3: Representative creep curve (strain  vs. time) for a Cu nanowire
subject to a creep stress of 0.59σy at room temperature using the SLME
approach.
and nanocrystalline metals due to the existence of internal microstructures and grain
boundaries, single crystal nanowires exhibit periods of discrete strain bursts(Nie et al.,
2017). As such, none of the conventional grain boundary mediated creep processes
are operant(Nabarro, 2006). Instead, the elongation of the nanowires under the con-
stant stress is entirely governed by the nucleation and interaction of different planar
defects. The details of these plastic events, and their relationship to the secondary
creep time, will be discussed later. The third stage begins with the necking of the
nanowire, after which the growth of a localized neck leads to failure of the nanowire.
Fig. 5.4 then shows a series of creep curves for Cu nanowires until necking for
constant applied creep stresses ranging from 0.33σy to 0.59σy. The tertiary stage
(necking) is not included here, since our interest is in the plastic deformation mecha-
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Figure 5.4: SLME simulated creep curves for Cu nanowires at room tem-
perature until the onset of necking for applied creep stresses of (a) 0.59σy,
(b) 0.56σy, (c) 0.50σy, (d) 0.44σy, (e) 0.38σy and (f) 0.33σy.
nisms in the secondary regime. Fig. 5.4 shows that the applied stress has a significant
effect on the time evolution of the creep strain. As the creep stress decreases, the
duration of the secondary creep stage increases dramatically, reaching the order of
a few seconds for a stress of 0.33σy. This observation is consistent with the notion
that the activation energy for surface dislocation nucleation increases with decreasing
tensile stress, and as a result, more time is required for dislocation nucleation as the
applied tensile stress decreases(Peng et al., 2013). More discrete strain bursts is also
observed, which corresponds to defect nucleation events, as the stress decreases. The
same trend is also observed for Ag and Pt, where Figs. S5 and S6 present the creep
curves for Ag and Pt across a wide range of creep stresses.
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Figure 5.5: Stress dependence of creep time from SLME and MD simula-
tions for Pt, Cu and Ag.
The creep rate, which is the inverse of creep time and is defined as the slope
of the creep curve during secondary creep, has been widely used to characterize the
creep mechanisms for bulk and NC materials. According to the Bird-Dorn-Mukherjee
relation, the creep rate ˙ follows a power-law relationship with stress, which can be ex-
pressed as ˙ ∝ σn, where n is the stress exponent which is an important parameter for
identifying different creep mechanisms(Wang et al., 2011; Wilshire and Battenbough,
2007). However, these relationships assume that the creep strain is a continuous
function of time, which is not the case for the discrete nanowire systems studied in
this chapter. Therefore, even though the creep rate is unavailable for nanowires, we
assume that there is a quantitative relationship between the creep time and stress.
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By defining the creep time as the time until the onset of necking, Fig. 5.5 shows the
creep time as a function of stress for all three FCC metals (Ag, Cu, Pt). In order to
distinguish the curves for different materials, Fig. 5.5 plots the actual stress value.
Importantly, for both Ag and Cu nanowires, a decrease in the slope in Fig. 5.5
is observed as the stress decreases. This slope decrement occurs at around 3.2 GPa
(0.48σy) for Cu, and 2.75 GPa (0.52σy) for Ag. However, no such stress-dependent
transition in the slope of the creep stress is observed for Pt nanowires.
5.4 Creep Mechanisms at Different Stresses
5.4.1 High Stress, Short Timescale Regime
To uncover the mechanisms that govern the transition in the creep time-stress curve
for Ag and Cu shown in Fig. 5.5, the dislocation activity during creep at different
stress levels are examined, where all discussions in this section are for the secondary
creep stage. We first focus on the high stress, short timescale regime, corresponding
to creep stresses larger than about 0.45σy and creep times shorter than about 10
−5
seconds as shown in Fig. 5.5 for Cu nanowires.
Fig. 5.6 shows the key deformation mechanisms for high (0.56σy) creep stresses
for Cu nanowires. Fig. 5.6a shows that the secondary creep stage starts with the
emission of the first leading partial dislocation from an edge of the nanowire on {111}
slip planes. The partial dislocation glides through the cross section and intersects
with the free surfaces, leaving an intrinsic SF. After emission of the first partial
dislocation, the second event can be one of several possible dislocation nucleation
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Figure 5.6: Selected atomic configurations during the creep deformation
of Cu nanowires under a constant creep stress of 0.56σy. To discern defects
in the nanowires, colors are assigned to the atoms according to a local crys-
tallinity classification visualized by CNA. Perfect FCC atoms are removed
for clarity, red stands for HCP atoms, blue for BCC atoms and green for
other atoms.
events, including nucleation of a slip partial dislocation on slip plane intersecting with
the first dislocation, nucleation of a twinning partial dislocation on a neighboring slip
plane having the same Burgers vector as the leading dislocation, or the nucleation of
a trailing partial dislocation on the same plane as the leading dislocation.
If the creep stress is high, as illustrated in Fig. 5.6b, the SF is then replaced by
two TB and the interaction of Shockley partial with surface atoms triggers a new
SF. Stress-induced propagation of TBs and nucleation of new SFs lead to further
elongation of the nanowire as shown in Fig. 5.6c. Eventually, necking and failure
initiate at a strain of around 20% as can be seen in Fig. 5.6d. The deformation
mechanism for Ag is similar to Cu nanowire. For example, at a high creep stress of
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𝜖 = 3.2% 𝜖 = 6.5% 𝜖 = 16.3%
𝜖 = 23.2%
Figure 5.7: Selected atomic configurations during the creep deformation of
the Ag nanowires under a constant stress of 0.62σy. To discern defects in the
nanowires, colors are assigned to the atoms according to a local crystallinity
classification visualized by CNA in OVITO. Perfect FCC atoms are removed
for clarity, red stands for HCP atoms, blue for BCC atoms and green for
other atoms
0.62σy as in Fig. 5.7, the plastic deformation after yielding is dominated by SFs and
deformation twinning on the {111} slip planes.
In contrast, the deformation mechanisms of Pt under high creep stress (0.6σy)
are quite different, as shown in Fig. 5.8. Specifically, Fig. 5.8a shows the yielding
mechanism, where a SF is nucleated from the bottom corner of the nanowire. Imme-
diately after the nucleation of the first SF, a trailing partial is emitted on the same
slip plane resulting in a full dislocation and leaving a surface step on the surface of
the nanowire. Figs. 5.8c and d show the formation of Lomer-Cottrell (L-C) locks
with the detailed process illustrated in Figs. 5.8f-g. The L-C lock is formed by the
interaction of two leading Shockley partial dislocations, which move under applied
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Figure 5.8: (a-e) Selected atomic configurations during the creep defor-
mation of Pt nanowire under a constant creep stress of 0.6σy. (f-i) Direct
observation of the L-C lock at 5.5% strain as in (c), which is formed by the
interaction of two leading partial dislocations, where bL marks the location
of leading partials. To discern defects in the nanowires, colors are assigned
to the atoms according to a local crystallinity classification by the DXA. Per-
fect FCC atoms are removed for clarity, red stands for HCP atoms, blue for
BCC atoms and green for other atoms.Two adjacent red planes: SF; green
line: 1/6[112] Shockley partial dislocation; purple line: 1/6[110] stair-rod
dislocation.
stress on two intersecting slip planes according to(Hull and Bacon, 2011)
1
6
[1¯2¯1] +
1
6
[211¯]→ 1
6
[11¯0] (5.2)
The consequence of the reaction is the formation of a stair-rod 1
6
[11¯0] dislocation.
Fig. 5.8f shows the nucleation of the first leading partial from the right side of the
image. When the leading partial reaches the opposite edge, another leading partial on
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a different {111} slip plane is triggered. When the two leading partials interact with
each other, a stair-rod dislocation forms as marked by purple line in Fig. 5.8g. Fig.
5.8h shows the formation of another L-C lock immediately after Fig. 5.8g. Eventually,
the stair-rod dislocations propagate through the nanowire, leaving two parallel surface
steps on the left surface of the nanowire as shown in Fig. 5.8i, which is the enlarged
snapshot corresponding to the configuration shown in Fig. 5.8d. Thus, in contrast
to the partial dislocation-dominated deformation during high stress creep of Cu and
Ag, the plasticity in the creep of Pt nanowires at high stress is dominated by full
dislocations and L-C locks. This finding is consistent with recent in-situ experiments
on the constant strain rate deformation of ultra-small Pt nanowires, which found
full dislocations and dislocation locks are the dominant mechanism during the early
deformation stage ( < 15%)(Wang et al., 2017). As the constant creep stress is
continually applied, necking occurs at around 12.5% tensile strain, which is caused
by discrete cooperative slip events on different slip systems in the region where L-C
locks exist as can be seen in Fig. 5.8e.
5.4.2 Superplasticity for Low Stresses and Long Timescales
The low stress (< 0.45σy) and long timescale (> 10
−5 seconds) creep behavior for Cu
nanowires is illustrated in Fig. 5.9, which corresponds to a creep stress of 0.33σyield.
Similar to the high stress case, the secondary creep stage for low stresses starts with
the nucleation of the first SF from a corner of the nanowire. When the first leading
partial dislocation interacts with the nanowire surface, another SF is triggered on
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Figure 5.9: Selected atomic configurations during the creep deformation of
the Cu nanowires under a constant stress of 0.33σy. To discern defects in the
nanowires, colors are assigned to the atoms according to a local crystallinity
classification visualized by CNA. Perfect FCC atoms are removed for clarity,
red stands for HCP atoms, blue for BCC atoms and green for other atoms.
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the intersecting slip plane as can be seen in Fig. 5.9a. In contrast to formation
of TBs in Fig. 5.6, for low stresses trailing partial dislocations are then observed
on slip planes that contain SFs. The trailing partials glide through the slip planes,
which eliminates the two SFs and form full dislocations in conjunction with atomic-
scale surface steps, leaving a defect free nanocrystal as illustrated in Fig. 5.9b. The
surface step can serve as a dislocation nucleation source and Fig. 5.9c shows the
emission of another sequential SFs. Similar to what was observed in Fig. 5.9b, these
SFs are then eliminated by the migration of trailing partial dislocations as illustrated
in Fig. 5.9d. A similar mechanism was also observed between Fig. 5.9d and Fig.
5.9e, showing the importance of this dislocation behavior. As a result, the nanowire
is able to exhibit substantial ductility and superplasticity with a pre-necking strain
of more than 50% as can be seen in 5.9e.
A similar deformation mechanism is also observed for Ag nanowires, where the
trailing partial mediated deformation process leads to the superplasticity of the
nanowire with pre-necking strain of 60% at a stress of 0.27σy with snapshots of dislo-
cation nucleation shown in Fig.5.10. Fig. 5.11 shows the deformation mechanism of
Pt nanowire under a low stress of 0.37σy. As can be seen in Fig. 5.11a-e, in contrast
to the partial dislocation-dominated deformation during high stress creep of Cu and
Ag, the plasticity in the creep of Pt nanowires is dominated by full dislocations and
Lomer-Cottrell (L-C) locks, which is consistent with the deformation mechanisms of
Pt nanowire under high creep stresses as shown in Fig. 5.8, and also with recent
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Figure 5.10: Selected atomic configurations during the creep deformation
of the Ag nanowires under a constant stress of 0.27σy. To discern defects
in the nanowires, colors are assigned to the atoms according to a local crys-
tallinity classification visualized by CNA in OVITO. Perfect FCC atoms are
removed for clarity, red stands for HCP atoms, blue for BCC atoms and
green for other atoms.
experiments on Pt nanocrystals (Wang et al., 2017). Fig. 5.11f-h illustrate the direct
observation of the L-C lock at 6.5% strain. The nanowire starts to neck at around
18.5%, which is close to the pre-necking strain in the high stress cases.
The effect of the transition in deformation mechanism can also be observed by
looking at the pre-necking strain as a function of creep stress. Fig. 5.12 shows that
for both Ag and Cu, when the creep stress drops below about 0.5σy, an substantial
increment in pre-necking strain is observed, which allows the nanowires to reach a
superplastic elongation exceeding 50% before the onset of necking. In contrast, the
pre-necking strain does not appear to show much variation for Pt nanowires regardless
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Figure 5.11: (a-e) Selected atomic configurations during the creep defor-
mation of Pt nanowire under a constant creep stress of 0.37σy. (f-h) Direct
observation of the L-C lock at 6.5% strain as shown in (a), which is formed
by the interaction of two leading partial dislocations, where bL marks the
location of leading partials. To discern defects in the nanowires, colors are
assigned to the atoms according to a local crystallinity classification by the
DXA in OVITO. Perfect FCC atoms are removed for clarity, red stands for
HCP atoms, blue for BCC atoms and green for other atoms.Two adjacent
red planes: SF; green line: 1/6[112] Shockley partial dislocation; purple line:
1/6[110] stair-rod dislocation.
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Figure 5.12: Elongation before necking as a function of normalized creep
stress.
of the creep stress.
The fact that superplasticity is not observed for Pt is due to the following two
factors. First, both Ag and Cu have low SF energies(Li et al., 2011), and as such the
plastic deformation is governed by partial dislocations or twinning. In contrast, Pt
has a very high SF energy, and thus full dislocations are typically observed, at least
at the early stage (< 15%) of plastic deformation(Wang et al., 2017). For Ag and
Cu nanowires, when one leading partial dislocation sweeps across the nanowire cross
section and reaches the surface, another leading partial dislocation is emitted on a
different {111} slip system which is intersecting with previous slip plane, as illustrated
in Fig. 5.9. The successively formed SFs are then removed by the emission of trailing
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partials, which leads to the uniform elongation of the nanowire. Thus, we anticipate
that superplasticity may be observed in other FCC metal nanowires that have similar
SF energies as Cu and Ag for low creep stresses.
Furthermore, Pt nanocrystals can form dislocation locks, which will impede the
dislocation motion as shown both in Fig. 5.8 and also recent experiments(Wang et al.,
2017). Figs. 5.8 and 5.11 show direct observation of L-C locks in the SLME creep
simulations of Pt nanowires for both high and low creep stresses. Dislocations tend
to nucleate from the activated surface atoms where dislocation locks exist. When
dislocations on different slip systems interact with each other, the dislocations are
trapped by the L-C locks and the localized strain brings about the necking of the
nanowire. As a result, Pt nanowire starts to neck at a relatively small strain of
around 15% regardless of the creep stress with examples shown in Figs. 5.8 and 5.11.
5.5 Rate-Dependent Competition between Twinning and Trailing Partial
Dislocations
In addition to the atomistic observation of the governing creep mechanisms, a sta-
tistical examination of the mechanisms underpinning the transition to superplastic
deformation at lower creep stresses for Ag and Cu nanowires is also presented. Specif-
ically, Fig. 5.13(a) summarizes the number of the three common partial dislocation
types, including leading, trailing and twinning partial dislocations, that are nucleated
during secondary creep for Cu. These results were obtained by taking an average of
five SLME simulations for each value of applied stress, in order to quantify the num-
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Figure 5.13: (a) Normalized creep stress dependence of the total number of
three possible plastic deformation mechanisms: leading partials, trailing par-
tials and twinning partials formed during secondary creep prior to nanowire
necking for Cu nanowires. (b) Normalized creep stress dependence for three
partial dislocations and their contribution to the overall plastic strain during
secondary creep prior to nanowire necking for Cu nanowires.
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ber and types of partial dislocations that occur prior to the onset of necking. The
nucleation of trailing partials is critical to enabling superplasticity because they re-
move SFs as shown previously in Fig. 5.9, which results in removal of internal planar
defects, and which enables the nanowire to nucleate additional partial dislocations.
Continuation of this process enables the generation of more total dislocations than
are observed at high applied stresses as shown in Fig. 5.13(a).
The competition between trailing and twinning partials is also investigated, where
Fig. 5.13(b) shows the contribution from leading, trailing and twinning partials to the
total number of plastic events for Cu nanowires; Fig. 5.13(b) represents the portion
of each different partial dislocations under different stress levels, where as can be
seen, the plastic deformation can fit into two regions. In the high stress regime (0.5-
0.7σy), leading and twinning partials are the dominant mechanism during the creep
process. However, the contribution from trailing partial dislocations starts to increase
when the stress is reduced below 0.45σy, which results in full dislocations gradually
becoming as prevalent as and then preferred to twinning dislocations.
The activation energy for twinning and trailing partials under different applied
stresses is further analyzed so as to help rationalize the observed transition from
twinning dislocation-dominated creep in the high stress regime to trailing dislocation-
mediated plasticity at lower stresses for Cu and Ag. This is important because twin-
ning and slip occur on the same slip systems(Warner et al., 2007; Park et al., 2006),
and as such are in direct competition. Determining the activation energies for each
122
will provide information as to the rate-dependence of each defect type for the differ-
ent FCC metals studied in this chapter. Following the procedure described by Jiang
et al.(Jiang et al., 2013), a single SF was first introduced into a relaxed, defect free
nanowire using its known displacement fields. After that, a TB was generated by
shearing the neighboring {111} plane in the 〈112〉 direction and full dislocation is
formed by shearing the same {111} plane along the 〈211〉 direction. Similar to Zhu
et al.(Zhu et al., 2008), the free-end NEB method was then utilized to determine the
minimum energy path (MEP) of the twinning and trailing partial dislocations under
different external loads. The potential energy barrier Q0(σ) was obtained based on
the energy difference between the initial equilibrium state and the saddle point along
the minimum energy pathway. The activation free energy at room temperature then
can be calculated as Q(300, σ) = Q0(σ)(1 − 300/Tm)(Zhu et al., 2008), where Tm is
the surface disordering temperature.
Fig. 5.14 summarizes the stress dependent activation energy for twinning and
trailing partials as as calculated at 300K for Pt, Cu and Ag. As can be seen, both Ag
and Cu exhibit a crossover from twinning to trailing dislocation emission as the stress
is decreased; the transition stress of about 0.2σy for Cu is slightly larger than that of
0.18σy for Ag. Furthermore, because the activation energy is lower in Ag than Cu,
the timescale at which the twinning to trailing transition occurs should be shorter
than that for Cu. However, for Pt, the activation energy for trailing partials is always
smaller than that of the twinning partial, which explains why only full dislocations
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Figure 5.14: Activation energy for twinning and trailing partial disloca-
tions as a function of external stress.
are observed in the creep of Pt for all stresses we investigated.
The prediction of a transition stress of 0.2σy for Cu is less than seen in our SLME
simulations, which predicts that more trailing partials will nucleate when the stress is
under 0.45σy. This is reasonable given that Fig. 5.13 shows that a significant number
of dislocations are nucleated during the creep process, whereas the activation energy
analysis just discussed involves only a single defect in an otherwise pristine nanowire.
The effect of pre-existing defects on the activation energy is thus investigated.
Following the approach described in Jiang et al. (Jiang et al., 2013), a SF is first
introduced by shearing part of the nanowire along a {111} plane along the 〈112〉
direction. After the first SF is formed, the deformation continues to shear in inter-
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secting {111} plane along its corresponding 〈112〉 direction, resulting in the formation
of the second SF. Twinning fault is then formed by shearing of the neighboring {111}
plane of the first SF along the same 〈112〉 direction, while the full dislocation is intro-
duced by shearing the same {111} plane as the first SF along another 〈112〉 direction.
Fig. 5.15 summarizes the stress dependent activation energy for twinning and trailing
partials as calculated at 300K for a Cu nanowire with multiple SFs. Introducing the
additional SF slightly lowers the activation energy of the trailing partial dislocation
while having no obvious influence on the twinning partial, i.e. the activation energy
of trailing partial and twinning partial is 0.157J/m2 and 0.1702J/m2 at 0.02σy with
additional SF in Fig. 5.15 as comparing to 0.164J/m2 and 0.1699J/m2 for single
defect case in Fig. 5.14 as described in the main manuscript. As a result, the critical
stress where the crossover of twinning partial and trailing partial occurs increases
from 0.2σy for single defect cases in Fig. 5.14 to around 0.3σy in Fig. 5.15 .
The transition stress of 0.45σy seen in Fig. 5.13 for Cu agrees well with the 0.5σy
where the slope of the creep time vs. stress curve changes Fig. 5.5. The reduction in
the slope of the creep time vs. stress plot in Fig. 5.5 after the transition to trailing
partials is also qualitatively reasonable because the slope of the activation energy
barrier for trailing partials is smaller than that of the twinning partial for Ag and Cu
nanowires as shown in Fig. 5.14. However, for Pt nanowires, the curve does not show
a transition in its slope, which is consistent with the observation of full dislocations
being the dominant deformation mechanism at all stress levels studied in this chapter.
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Figure 5.15: Activation energy for twinning partial and trailing partial as
a function of external stress at 300K for Cu nanowire with multiple SFs.
These results also demonstrate that the rate-dependence of the different compet-
itive defect processes, i.e. twinning and trailing partials, governs the transition to
superplasticity for the lower creep stresses we have observed in Cu and Ag nanowires,
as well as the creep time transition. These coincide with the theoretical results of
Warner et al.(Warner et al., 2007), who found that a twinning to slip transition in
FCC metals related to defect nucleation from a crack tip was on the order of mi-
croseconds or longer. However, the complete or even quantitative agreement with
the predictions of Warner et al.(Warner et al., 2007) is not expected. For example,
they predicted that twinning would be observed in Pt at high stresses, which is not
observed in our simulations. This is because their model assumed defect nucleation
from a pre-existing crack tip, whereas our simulations were performed investigating
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creep of single crystal nanowires without a similar sharp discontinuity. Overall, our
simulations demonstrate the importance of capturing longer time scales in order to
observe rate-dependent defect transitions.
Superplastic behavior has been reported in other studies that have examined the
deformation of metal nanowires. For example, in the experimental works by Seo et
al.(Seo et al., 2011; Seo et al., 2013), failure strains of about 50% were observed
through the tensile stress-driven reorientation of rhombic FCC metal 〈110〉/{111}
nanowires to a 〈100〉/{100} orientation. In more recent work by Zhong et al.(Zhong
et al., 2017), room-temperature superplasticity was observed in Ag nanocrystals with
diameters ranging from 15-80 nm. There, the superplasticity was enabled by a slip-
activated surface creep mechanism, whereby surface-step diffusion was effective in
suppressing localized plasticity and necking that limits the tensile ductility of the
material. Surface-step diffusion is not observed in our simulations despite the small
cross sectional sizes because our nanowires had uniform cross sections along the load-
ing direction. In contrast, the surface diffusion in the work of Zhong et al.(Zhong
et al., 2017) was driven by a gradient in nanowire radius, where the chemical poten-
tial difference along the surface drove the migration of surface steps from the center to
the ends of the nanowire along the length direction. Therefore, the mechanism under-
lying the superplasticity observed in our study, i.e. that of a rate-dependent plasticity
transition that manifests itself at lower applied stresses and longer timescales, is dif-
ferent from previously reported ones.
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5.6 Conclusion
In this Chapter, the SLME method is utilized to investigate the creep deformation
of single crystal FCC metal nanowires. A novel form of superplasticity at low creep
stresses for some metals (Ag, Cu) ia observed, which is driven by a rate-dependent
transition from twinning to trailing partial dislocations at micro and millisecond time
scales, which results in tensile strains reaching 50% prior to necking and failure at low
creep stresses (<0.5σy). The plasticity transition is captured because the timescales
accessed by the SLME method correspond to those at which rate-dependence con-
trols the type of planar defect that is nucleated. Overall, the work in this chapter
demonstrates that importance of rate-dependent mechanical processes on the time-
dependent mechanical behavior and properties of nanomaterials.
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CHAPTER 6
Summary and Future Research
6.1 Summary of the Thesis
In this thesis, a newly developed atomistic modeling technique is employed to inves-
tigate the mechanically-driven processes at slow strain rates and time scales. The
aim of this thesis is to address the challenge of bridging a time scale gap across
more than ten orders of magnitude, from the intrinsic atomic scale (around 10−12
s) to experimental scale (seconds), which can never be accomplished by traditional
MD simulations. Specifically, the objective is to understand and predict mechanical
properties and plastic deformation of nanomaterials at long, experimentally-relevant
time scales. This challenge is overcome by a recently developed technique, the SLME
method. SLME method is based upon PES exploring algorithm, which generates
the transition pathway by adding penalty functions to boost a system from one en-
ergy basin to another. By combining the minimum energy pathway methods, kinetic
Monte Carlo and the transition state theory, the SLME method is able to study a
variety of mechanically-driven problems ranging from prediction of protein unfolding,
plastic deformation in nanowires to the creep behaviors in metals.
The method is applied to three problems in this thesis, which all relate to rate-
dependent mechanical properties investigation. The first one is the mechanical un-
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folding of proteins at experimentally relevant forces and time scales. The main con-
tribution is providing atomistic details to the intermediate states that correspond to
the end-to-end extensions observed experimentally and predicting novel intermediate
configurations that cannot be captured in experiment due to short lifetime. A new un-
folding mechanism starting with the detachment between two β-sheets involving the
binding site of ubiquitin, the Ile44 residue emerges. It demonstrates the novel finding
that the binding site of ubiquitin can be responsible not only for its biological func-
tions, but also its unfolding dynamics. In the unfolding simulation of prion proteins,
a mechanically-induced structural conversion from the native α-helical structure to
the β sheet-like structure in the C-terminal starting from residue 155 and extending
to the disul
de bond C214 is observed. This observation is consistent with the experimental
report that there is a tightly packed core of the recombinant PrP amyloid, a misfolded
form reported to induce transmissible disease, mapping to C-terminal residues 160-
220.
The second problem studied is investigating the strain rate-dependent plastic de-
formation of the bicrystalline metal nanowires. Explaining and predicting yield stress
as a function of strain rate has been known as a formidable challenge in material
science. The underlying atomistic mechanism in experimental observed brittle-to-
ductile failure transition in bricrystalline metallic nanowires at experimental strain
rates remained unknown until the work presented in this thesis. In this thesis, a
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strain-rate-dependent yield transition in bicrystalline nanowires, which is governed
by the change in incipient plastic event from Shockley partials nucleated on primary
slip systems at MD strain rates to the nucleation of planar defects on non-Schmid
slip planes at experimental strain rates is observed. The differences in dislocation
activity at different strain rates induce a ductile-to-brittle transition in failure mode,
which is consistent with previous experimental studies.
The third problem is to predict the creep behavior of metallic nanowires at ex-
perimentally time scales. Understanding the time-dependent mechanical behavior of
nanowires is essential to predict their reliability in nanomechanical devices. How-
ever, due to difficulty to tackle ultra-small nanowires in experiment and challenge to
reach long time scale through atomistic simulations, the time-dependent mechanical
response of nanowires remains not well-understood. In this thesis, we are able to pre-
dict the creep behavior of metallic nanowires across a wide range of time scales, from
nano seconds to hundreds of seconds. Both Cu and Ag nanowires show significantly
increased ductility and a novel form of superplasticity under low creep stresses, where
the superplasticity is driven by a rate-dependent transition in defect nucleation from
twinning to trailing partial dislocations at the micro or millisecond timescale. The
transition in deformation mechanism also governs a corresponding transition in the
stress-dependent creep time at the microsecond (Ag) and millisecond (Cu) timescales.
To summarize, this thesis has provided new mechanistic insights into the time-
dependent deformation mechanisms in a range of physical systems, from biological
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proteins to metal nanowires. In all cases, the long timescales afforded by the SLME
method has enabled the new insights to be drawn. The SLME method is not limited
to specific material systems, and in the next section a new, potentially promising
line of application on the chemomechanics governing lithiation and delithiation in Si
electrodes for battery and energy applications will be discussed.
6.2 Future Work
6.2.1 Motivation
Throughout this thesis, particularly in Chapter 4 and 5, we demonstrated that the
rate-dependent transition in deformation mechanisms is a common behavior under-
pinning many important phenomena driven by time dependent conditions. In Chapter
5, we reported a substantial increase in failure strain at long time scales during the
creep tests of single crystalline nanowire. This phenomenon is governed by a transi-
tion in rate-dependent dominated deformation mechanisms, which explains the creep
rate upturn when increasing the creep stress. Actually, the rate-dependent transition
in mechanical properties is not limited to metal nanowires(Cao et al., 2017; Yan et al.,
2017). As a result, it would be of considerable interest to test whether the SLME
algorithm can help to understand the time-dependent mechanical properties in other
systems, e.g. the creep behavior of lithiated Si, as we will discuss below.
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6.2.2 Creep Test of Lithiated Si
In batteries, mechanical degradation limits the implementation of high-capacity elec-
trodes(Mukhopadhyay et al., 2014). The need to design failure resistant electrode
architectures and materials has motivated a large number of researches in the me-
chanics of electrodes, such as diffusion-induced stresses, larger deformation, plasticity
and fracture, especially for lithiated silicon, a promising material with high charge
capacity(Berla et al., 2015). Though a variety of studies haven been reported to
describe the elastic-plastic behavior of lithiated Si electrodes(Maranchi et al., 2006;
Bower et al., 2011; Brassart and Suo, 2013), little is known about the rate-dependent
and time-dependent behaviors. Berla et al.(Berla et al., 2015) measured the stress
exponent of lithiated Si using nanoindentation and they reported that the creep rate
follows a power-law type constitutive equations (˙ = Aσn). Vasconcelos et al.(de Vas-
concelos et al., 2017) measured the stress exponent of lithiated Si as a function of
the Li composition under different charging rates using operando nanoindentation.
However, the atomistic and micromechanisms underpinning the creep behavior of
lithiated Si alloys, to date, remains unclear. Recently, Yan et al.(Yan et al., 2017),
utilizing the long time scale simulation methods, access the behavior of lithiated Si
nanostructures under tensile strain rates ranging from 10−3 to 108 s−1. They find
that there are significant differences in the deformation behavior across the strain
rates and discovered that the shear transformation zones are formed by diffusion-like
process at slow strain rates.
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Thus, it should be technically interesting and fruitful to investigate, for future
work, the creep behavior of lithiated Si using the recently developed SLME method.
Combined with other techniques, such as NEB, KMC and TST, the stress exponent
across a wide range of creep time can be accessed. Direct atomistic observation will
give us further insights into the dynamic sensitivity of creep behavior to stress. We
believe that this method can be applied to study broader materials and phenomena
under various environments, beyond the current scope of this thesis.
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